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Silicon carbide (SiC) is a covalent compound with a rich polytypism most importantly 
employed for the fabrication of structural ceramics. Properties such as high elastic 
modulus, high hardness and high strength, all of which are maintained at intermediate 
and high temperatures, and the high resistance to oxidation, corrosion, abrasion and 
wear, among others, make SiC an extraordinary candidate for mechanical 
engineering components, in particular, as valves, mechanical seals, bearings, also for 
refractories (bricks, crucibles, …), thermal management systems like heat 
exchangers. 
Over the last decades, growing interest has emerged for the manufacture of SiC 
ceramics. The strongly covalent nature of the C-Si bond, on account of which SiC 
displays some of the above-mentioned properties, appears also as a limitation for the 
sinterability of SiC powders due to a reduced atomic mobility; therefore, the addition 
of sintering additives has normally been attempted to overcome this deficiency. 
Frequently, conventional sintering techniques have been employed involving very 
high temperatures, above 1950 ºC, as well as mechanical or gas pressures to favor 
densification of SiC ceramics. Nowadays, the use of more modern sintering 
techniques is emerging to promote faster and more energetically efficient processes, 
and Spark Plasma Sintering (SPS) stands out among the group of the so-called 
electric current assisted sintering techniques. This method consists in the sintering of 
materials under the application of electric direct current pulses that induces the in-situ 
heating by the Joule effect of the graphite die, and the sample in the case of 
conductive materials, while a mechanical uniaxial pressure is simultaneously applied. 
SPS is more and more being considered for the sintering of SiC to obtain finer 
microstructures, although the influence of sintering parameters and the addition of 
sintering additives on the microstructure and final properties of these SPSed SiC 
materials is not completely known yet. In this PhD Thesis, the effects of the starting 
SiC particle size, SiC polytype and the electric current distribution on the sintering 
process and on the final microstructure and properties of SiC ceramics with Y2O3-
Al2O3 additives have been addressed. For that purpose, the evolution of the current, 
voltage and the whole system resistance along the sintering process have been 
analyzed. Special attention has been paid to the possibility of in-situ growing 




Nowadays, cellular ceramics are highly appreciated due to some specific structural 
properties: low density, large exposed surface and, especially, relatively high 
mechanical resistance. SiC is commonly used in a cellular form in energy 
storage/conversion systems, filters or supports for catalysts. The production of SiC-
based cellular ceramics has habitually been focused on foams and honeycombs, by 
the utilization of production methods like sacrificial templates, replicas or direct 
foaming techniques. However, new added values such as a precise control over the 
porosity channels, the pore size or periodicity in more complex cellular SiC materials 
can potentially be attainable by additive manufacturing (AM). AM techniques include 
those in which the prototypes are formed by continuously adding or attaching material 
so that the final three-dimensional (3D) shape is obtained avoiding the use of molds, 
or machining processes. Modern AM procedures implement the equipment with 
advanced technology based on computer-controlled operation that allows the 
reproducibility of designs and a high level of accuracy for the smallest possible 
feature sizes. So far, few SiC prototypes have been created by AM techniques mainly 
by reaction-sintering methods, either with preceramic polymers or with reaction-
bonding by infiltration of silicon. These types of structures have certain limitations 
regarding porosity, in the case of preceramics, and residual silicon, for reaction 
bonded processes. Therefore, the development of 3D structures by AM techniques 
from SiC powders and their subsequent sintering appears as a great challenge. In the 
present PhD Thesis, the knowledge on bulk SiC-based ceramics is transferred to the 
development of 3D SiC architectures by Robocasting from a design generated in a 
computer aided drafting (CAD) program. Robocasting is a filament-based 
manufacturing method that stands as one of the most versatile, cutting-edge AM 
techniques. The major difficulty is the development of the aqueous colloidal gels 
adequate for the printing process: with high solids loading, pseudoplastic rheology 
and low organic additives concentrations. 
Recently, graphene fillers (GFs) have attracted great interest for improving the 
properties of materials, in particular, of ceramics and polymers, owing to the 
extraordinary electrical, thermal, tribo-mechanical and elastic properties provided by 
graphene, the monolayer of carbon atoms. In fact, the incorporation of graphene 
nanoplateles (GNPs) to some ceramics has significantly improved their mechanical 
and tribological properties, additionally endowing with electrical and thermal 
functionalities. Furthermore, the crystallographic and morphological anisotropy of the 
GFs and their trend to become oriented within the bulk composite when pressure-





produce composites with highly anisotropic properties, which may broaden their field 
of application. A comprehensive examination of the sintering of SiC matrices 
containing GNPs, and its expected influence on a functionalization of the SiC ceramic 
matrix, one of the goals of this PhD Thesis, has not been reported hitherto. Thus, the 
emergence of a study devoted to the processing of GNPs/SiC ceramic composites 
and their characterization is of paramount importance. In this way, the fabrication of 
this sort of composites with GNPs contents of up to 20 vol.% has been addressed in 
both bulk and cellular materials, analyzing transport properties, mainly the electrical 
performance and also the thermal properties in the case of bulk materials. The 
electrical conduction of architectured GNPs/ceramic composites has been 
experimentally determined as well as simulated by using both a simple resistors 
model and the finite-elements method (FEM) to predict the scaffolds electrical 
conductivity as a function of the GNPs content.  
As summary, this work intends to open a research line for the development of 
complex structures of functional SiC ceramics and graphene/SiC composites sintered 
by SPS. The combination in one material of the robustness and electrical and thermal 
conductivities of graphene-ceramic composites with the intrinsic characteristics of 
macroporous 3D structures, such as low specific weight, high specific surface area or 
the feasibility of hierarchical designs, has several potential advantages. These 3D 
composite structures are expected to present some benefits with respect to 
analogous graphene structures, as the ceramics would provide mechanical stability 
and also protection of graphene from wear damage, corrosion and thermal 
degradation, widening the range of application of cellular SiC materials in energy 
storage/conversion systems or as supports for electrocatalysis membranes and gas 
sensors. 
The present PhD manuscript has been organized following the next scheme: 
I. In Chapter 1, the state-of-the-art of the principal materials involved in this PhD 
Thesis has been prepared. Specifically, this chapter is focused on SiC-based 
materials, their properties and applications, sintering methods with especial concern 
for SPS, cellular SiC materials, and graphene as filler for ceramic matrices. 
II. The Chapter 2 covers the AM methods, with remarkable attention for Robocasting, 
as one of the most emerging AM techniques, especially regarding SiC parts. Results 




presented, as well as on the robocasting of computer designed architectures for SiC 
and GNPs-SiC inks. 
III. In Chapter 3, results covering the SPS of all SiC-based materials developed in this 
PhD Thesis are presented including the following topics: i) densification of SiC 
ceramics from different starting powders, which show different grain sizes and 
polytypes; ii) analysis of the mechanism for in-situ growth of graphene at the SiC 
grain boundaries during SPS; iii) improvement of the efficiency of the SPS process 
by modifying the electric current paths during the sintering process; iv) the 
densification of SiC-based ceramic composites with GNPs contents of up to 20 vol.% 
and finally, the sintering by SPS of cellular 3D-structures based on analogous 
compositions to those of the bulk materials. 
IV. In Chapter 4, the contact-mechanical properties for materials processed from 
different SiC starting powders, i.e., α-SiC, β-SiC and nano-β-SiC, are determined 
through Hertzian indentation tests at intermediate and elevated temperatures. In 
addition, considering the conductive nature of the in-situ grown graphene/SiC 
composites, the electrical conductivity has been deeply analyzed, including the use 
of nano-scale scanning probes to differentiate the graphene components and their 
spatial distribution. 
V. The transport properties (thermal and electrical conductivities) of the GNPs/SiC bulk 
composites are presented in Chapter 5, and analyzed as a function of the GNPs 
content and temperature, elucidating the transport mechanisms with the aid of 
models. 
VI. In Chapter 6, the electrical transport properties of robocast 3D architectures 
containing GNPs are shown and discussed considering the properties of the 
corresponding bulk composites. Models based on simple equivalent resistors circuits 
and finite element analysis are proposed to reproduce the electrically conductive 
behavior of these geometrically complex structures. 
VII. Future prospects and applications for the SiC-based ceramics and composites 
developed within this research are explored in Chapter 7, pointing towards the 
relevance of possible applications for forthcoming studies in SiC materials. In 
particular, superhydrophobic advanced oil filtration hybrid devices are developed by 
the growth of multiwalled carbon nanotubes on SiC scaffolds using chemical vapor 
deposition techniques, or acoustic SiC metamaterials are created by Robocasting 





VIII. Finally, three annexes have been added at the final part of the manuscript. The first 
one summarizes the main methods and techniques employed for the experimental 
work, the second is a list of acronyms and abbreviations used in the manuscript, and 
the third is the list of publications for the dissemination of the scientific results 

















El carburo de silicio (SiC) es un material covalente con una rica variedad de politipos 
que se emplea fundamentalmente para la fabricación de materiales cerámicos 
estructurales. El SiC es un excelente candidato para ser utilizado en componentes de 
ingeniería como válvulas y sellos de cierre mecánico, rodamientos, refractarios 
(ladrillos, crisoles,...), sistemas térmicos como intercambiadores de calor, o en polvo 
como abrasivo. Entre sus propiedades destacan un elevado módulo elástico, alta 
dureza y resistencia mecánica, las cuales se mantienen a temperaturas intermedias y 
altas, así como una elevada resistencia a la oxidación, corrosión, abrasión y 
desgaste. 
En las últimas décadas ha surgido un interés cada vez mayor por la fabricación de 
cerámicos de SiC. La naturaleza fuertemente covalente del enlace C-Si, que da 
origen a las propiedades anteriormente mencionadas, representa también una 
limitación para la sinterización de polvos de este material debido a su reducida 
movilidad atómica; por ello, para contrarrestar este problema, se añaden 
habitualmente aditivos de sinterización. Las técnicas convencionales de sinterización 
que se han empleado hasta la fecha utilizan temperaturas muy elevadas, por encima 
de 1950 ºC, así como presiones mecánicas o de gas para favorecer la densificación 
de los materiales de SiC. Hoy en día, las técnicas de sinterización que promueven 
procesos más rápidos y eficientes energéticamente están teniendo un gran auge, 
destacando la técnica de sinterización por corriente eléctrica pulsada (en inglés 
“Spark Plasma Sintering”, SPS) dentro del grupo de las denominadas técnicas de 
sinterización asistida por corriente eléctrica. El SPS consiste en la sinterización de 
polvos compactados mediante pulsos de corriente eléctrica directa que producen el 
calentamiento por efecto Joule del troquel de grafito donde se encuentran confinados 
los polvos, y de la muestra en el caso de materiales conductores, mientras se aplica 
simultáneamente una presión mecánica uniaxial. El empleo del SPS para sinterizar 
SiC ha aumentado progresivamente con el fin de obtener microestructuras más finas 
y reducir tiempos y temperaturas de sinterización. Sin embargo, la influencia de los 
diversos parámetros de SPS y el papel de los aditivos de sinterización en la 
microestructura y en las propiedades finales de estos materiales de SiC aún no se 
han establecido. Por tanto, en esta tesis doctoral, se ha estudiado el efecto del 
tamaño de partícula y del politipo de SiC, así como de la distribución de corriente 




propiedades finales de las cerámicas de SiC, empleando Y2O3-Al2O3 como sistema 
de aditivos. Para ello, se ha analizado la evolución de la corriente, el voltaje y la 
resistencia eléctrica del sistema durante el proceso de SPS. Además, se ha prestado 
especial atención a la posibilidad de crecer grafeno in situ en la matriz de SiC 
durante el proceso de SPS mediante la descomposición de los granos de SiC. 
Hoy en día las cerámicas celulares son muy apreciadas debido a sus propiedades 
estructurales específicas: baja densidad, grandes áreas superficiales expuestas y, 
sobre todo, resistencia mecánica relativamente alta. El SiC se ha utilizado 
comúnmente en forma celular en sistemas de almacenamiento/conversión de 
energía, filtros o como soporte para catalizadores. La producción de cerámicas 
celulares basadas en SiC se ha centrado habitualmente en el desarrollo de esponjas 
y estructural tipo panal de abeja mediante métodos de producción tales como el 
basado en el uso de patrones fugitivos, la impregnación de esponjas poliméricas con 
suspensiones cerámicas, o las técnicas de espumado. Sin embargo, las técnicas de 
fabricación aditiva (en inglés “additive manufacturing”, AM) permiten lograr nuevos 
valores añadidos en los materiales celulares, como son el control preciso sobre los 
canales de porosidad (tamaño de poro, periodicidad,…). Las técnicas de AM son 
aquéllas en las que los prototipos se conforman mediante la adición o fijación 
continua de material en verde de modo que se obtiene la forma tridimensional (3D) 
final, evitando el uso de moldes o procesos de mecanizado. Las técnicas modernas 
de AM se implementan con equipos con tecnología avanzada basados en un 
funcionamiento robotizado que permite la reproducibilidad de los diseños y un alto 
nivel de precisión en estructuras pequeñas. Hasta ahora, el desarrollo de 
componentes de SiC empleando técnicas de AM es muy limitado y se centra 
principalmente en métodos de sinterización por reacción, bien a partir de polímeros 
precerámicos bien infiltrando silicio en una preforma. Estas estructuras tienen ciertas 
limitaciones en cuanto a porosidad, en los casos derivados del uso de polímeros 
precerámicos, y en cuanto a silicio residual, cuando el proceso es por infiltración. Por 
tanto, el gran desafío que se plantea es el desarrollo de estructuras 3D mediante 
técnicas de AM a partir de polvos de SiC y su posterior sinterización. El conocimiento 
adquirido en cerámicas masivas de SiC se ha transferido al desarrollo de 
arquitecturas cerámicas 3D de SiC mediante colaje controlado por ordenador, o 
“Robocasting” en su terminología inglesa. La técnica de Robocasting es una de las 
más versátiles y vanguardista dentro del grupo de AM, y consiste esencialmente en 
el conformado de materiales a partir de la extrusión continua de una tinta en forma de 





acuosas, de alto contenido en sólidos y baja concentración de aditivos orgánicos, con 
las características reológicas adecuadas. 
La incorporación de nanoestructuras basadas en grafeno, la monocapa de átomos de 
carbono, como fase dispersa en matrices cerámicas y poliméricas ha adquirido 
recientemente un gran interés para mejorar las propiedades de estos materiales  
debido a las extraordinarias propiedades eléctricas, térmicas, tribo-mecánicas y 
elásticas del grafeno. De hecho, la incorporación de nanoplaquetas de grafeno (en 
inglés “graphene nanoplatelets”, GNPs) en el seno de algunas matrices cerámicas ha 
dado lugar a mejoras significativas en sus propiedades mecánicas y tribológicas, 
dotando además a estos cerámicos de funcionalidades eléctrica y térmica 
adicionales. Asimismo, la anisotropía morfológica y cristalográfica de las GNPs y su 
tendencia a orientarse dentro de las matrices cerámicas cuando se emplean métodos 
de fabricación asistida por presión mecánica, como en el caso del SPS, dan lugar a 
materiales compuestos con propiedades altamente anisótropas, lo cual permitiría 
ampliar su campo de aplicación. Así, esta tesis doctoral también tiene como objetivo 
el examen exhaustivo de los procesos de sinterización de los materiales cerámicos 
de SiC conteniendo GNPs, y el efecto de éstas en la funcionalización de la matriz 
cerámica, lo que hasta la fecha no se ha descrito en la literatura. Por lo tanto, la 
fabricación de este tipo de materiales con contenidos de GNPs de hasta el 20 vol.% 
ha sido abordada tanto para materiales masivos como para materiales celulares, así 
como el análisis de sus propiedades de transporte, principalmente el comportamiento 
eléctrico, y también térmico en el caso de materiales masivos. La conducción 
eléctrica de los estructuras 3D de compuestos GNPs/SiC se ha determinado 
experimentalmente y, además, se ha simulado con modelos simples de resistencias 
y por métodos de elementos finitos para predecir la conductividad eléctrica de este 
tipo de estructuras en función del contenido de GNPs. 
En resumen, se puede decir que esta tesis pretende abrir una nueva línea de 
investigación para el desarrollo de estructuras complejas de cerámicos funcionales  
de compuestos cerámicos con grafeno. La combinación en un único material de la 
resistencia y la conductividad eléctrica y térmica de los materiales compuestos de 
grafeno/cerámico con las características intrínsecas de las estructuras macroporosas 
en 3D, tales como baja densidad, alta superficie específica o viabilidad de diseños 
jerárquicos, presentan numerosas ventajas potenciales. Se espera que estas 
estructuras 3D compuestas muestren ciertos beneficios respecto a estructuras 
análogas formadas exclusivamente por grafeno, como son la estabilidad mecánica 




desgaste, la corrosión o la degradación térmica. Esto permitiría ampliar el rango de 
aplicación de los materiales de SiC celulares a sistemas de almacenamiento o 
conversión de energía, o como soportes para membranas de electrocatálisis y 
sensores de gas. 
El manuscrito de la tesis doctoral se ha organizado de acuerdo con el siguiente 
esquema: 
I. En el Capítulo 1 se ha elaborado una revisión del estado del arte de los materiales 
de esta tesis doctoral. Este capítulo se centra específicamente en: i) los materiales 
basados en SiC, sus propiedades y aplicaciones, asi como en los métodos de 
sinterización, dedicando especial atención al SPS, ii) los materiales de SiC celulares 
y, por último, iii) el grafeno como fase dispersa en matrices cerámicas. 
II. En el Capítulo 2 se ha realizado un compendio de los métodos de AM, prestando 
especial atención al Robocasting como una de las técnicas de AM emergentes y al 
conformado de componentes de SiC mediante este tipo de técnicas. Se presentan 
resultados relativos al diseño y desarrollo de tintas de SiC y GNPs/SiC para 
Robocasting, así como al colaje por esta técnica de arquitecturas diseñadas por 
ordenador a partir de dichas tintas. 
III. En el Capítulo 3 se muestran los resultados que engloban la sinterización por SPS 
de todos los materiales basados en SiC desarrollados en esta tesis doctoral, 
incluyendo las siguientes materias: i) densificación de los cerámicos de SiC 
empleando diferentes polvos de partida de SiC, los cuales presentan diferentes 
politipos y tamaños de grano; ii) análisis del mecanismo de crecimiento in situ de 
grafeno en las fronteras de grano de SiC durante el proceso de SPS; iii) mejora de la 
eficiencia energética del proceso de SPS mediante la modificación de los caminos de 
corriente eléctrica durante el proceso de sinterización; iv) densificación de 
compuestos cerámicos basados en SiC con contenidos de GNPs de hasta el 20% en 
volumen y; v) sinterización por SPS de estructuras 3D celulares basadas en 
composiciones análogas a las de los materiales masivos. 
IV. En el Capítulo 4 se detalla el comportamiento frente al daño por contacto de los 
materiales de SiC procesados con los diferentes polvos de partida a través de 
ensayos de indentación hertziana a temperaturas intermedias y elevadas. Además, 
teniendo en cuenta la naturaleza conductora del grafeno crecido in situ en los 





sondas de barrido a escala nanométrica para diferenciar los componentes de grafeno 
y su distribución espacial. 
V. Las propiedades de transporte (conductividad térmica y eléctrica) de los 
materiales compuestos masivos de GNPs/SiC se presentan en el Capítulo 5. Estas 
propiedades se han analizado en función del contenido de GNPs y de la temperatura, 
desarrollando modelos para explicar los mecanismos de transporte. 
VI. En el Capítulo 6 se muestran y discuten las propiedades eléctricas de las 
arquitecturas 3D fabricadas por Robocasting conteniendo GNPs, teniendo en cuenta 
para ello las propiedades de los materiales compuestos masivos correspondientes. 
Se han empleado modelos basados en circuitos de resistencias equivalentes y en el 
análisis de elementos finitos para reproducir el comportamiento conductor de estas 
estructuras geométricamente complejas. 
VII. Las perspectivas de futuro de los cerámicos basados en SiC desarrollados en 
esta tesis doctoral se exploran en el Capítulo 7, incidiendo en algunas aplicaciones 
relevantes. En concreto, se muestran dispositivos híbridos desarrollados mediante el 
crecimiento por deposición química en fase vapor de nanotubos de carbono de pared 
múltiple sobre andamios 3D de SiC, los cuales presentan propiedades 
superhidrofóbicas que les permitiría ser empleados para el filtrado de aceite en agua; 
o la creación de metamateriales acústicos de SiC por Robocasting que muestran una 
fuerte focalización de la energía y unas estructuras de bandas de frecuencia 
similares a las de los fonones. 
VIII. Finalmente, se han incluido tres anexos en la parte final del manuscrito. En el 
primero se resumen las principales técnicas experimentales y métodos empleados en 
esta tesis, en el segundo se proporciona una lista de acrónimos y abreviaturas 
utilizadas en el manuscrito, y el tercero es la lista de publicaciones mediante las que 




















Silicon carbide-based ceramic materials 













1.1.- Silicon carbide (SiC) 
1.1.1.- Structure, polytypism and properties 
Silicon carbide is the only possible compound at equilibrium resulting from the 
combination of silicon (Si) and carbon (C), as demonstrated by Olesinski and 
Abbaschian (phase diagram of the Si-C system shown in Fig. 1.1),1 whose chemical 
formula is SiC. It has been very rarely found in nature as a mineral, and named 
moissanite after Henri Moissan was the first to synthesize SiC in an attempt to obtain 
synthetic diamonds.  
 
Figure 1.1.- The equilibrium phase diagram of the Si-C system.1 
 
 
In SiC crystals, Si and C atoms present covalent bonds in a tetrahedral coordination, 
similarly as for most compounds belonging to the group IV of elements of the periodic 
table (Fig. 1.2). Tetrahedra are then set up with all atoms lying in parallel planes on 
hexagonal networks. This tetrahedral distribution of C and Si atoms still leaves certain 
degrees of freedom for the formation of different crystalline structures, which are 
essentially reflected in the different stackings of tetrahedra in one crystallographic 
direction. What distinguishes one polytypic structure from another is the repetition 




Consequently, SiC is one of the compounds with a richer variety of polytypes and a 
set of up to 250 different polymorphs have been found.2 Particularly, the most 
frequent and well-known polytypes are 3C, 2H, 4H, 6H, and 15R. The letters are 
related to the crystalline structure; thus, C, H and R stand for cubic, hexagonal and 
rhombohedral, respectively, and the digits (2, 3, 4, 6…) are associated to the number 
of atomic layers that define the lattice periodicity. A deep-rooted nomenclature for SiC 
polytypes is to classify them as β-SiC or α-SiC, being β-SiC the 3C polytype, and α-
SiC the group formed by any of all the rest. At very high temperatures (comparable to 
the SiC sintering temperatures), α-SiC polytypes are more stable than β-SiC3 and, 
therefore, polytypic transformations can be observed. With regard to the physical 
parameters of SiC polytypes, the most distinctive are the thermal conductivity and the 
band gap, as shown in Table 1.1. Actually, SiC behaves as a semiconductor with 
fairly large band gap energies ranging from ∼2.4 to 3.4 eV. 
 
Figure 1.2.- Illustration of the tetrahedral coordination of C and Si atoms in a Si4C 
tetrahedron, with the Si atoms at the vertices. 
 
Table 1.1.- Physical properties of monocrystalline 3C-, 6H- and 4H-SiC polytypes.4-6 
PROPERTY 3C-SiC 6H-SiC 4H-SiC 
Lattice constant a (nm) 0.4359 0.3081 0.3081 
Lattice constant c (nm) - 1.5092 1.0061 
Density (g·cm-3) 3.215 3.215 3.215 
Band gap (eV) 2.39 3.0 - 3.1 3.26 
Thermal conductivity (W·m-1·K-1) 360 490 490 
 
SiC exhibits a distinctive combination of properties, such as high resistance to 
oxidation, corrosion, thermal shock or wear, high hardness and thermal conductivity 





bonds are accountable for all these properties, making it an ideal candidate for the 
manufacture of structural ceramics. This strong covalent bond presents, however, a 
problem for the manufacture of dense SiC bodies from SiC powders. Due to the 
extremely low diffusion coefficient, densification of powders is possible only at very 
high pressure and temperature (above 2100 ºC). Thus, for an efficient densification of 
SiC, the use of sintering additives is required. These additives can commonly be 
classified either as additives to develop a solid-state sintering process (generally 
boron and carbon compounds) or liquid-phase-forming additives, which might be 
oxide (Al2O3, BeO, Y2O3 ...) or non-oxide (like AlN) compounds or a combination of 
both types. The main microstructural factors that affect the physical properties of SiC 
ceramic materials are the size of SiC grains, and the composition and amounts of 
grain boundary secondary phases, all of them closely related to the additives used to 
facilitate the sintering at high temperatures. 
From the thermal conduction viewpoint, pure monocrystalline SiC crystals are highly 
conductive exhibiting a room temperature thermal conductivity of up to 490 W·m-1·K-1 
in the case of α-SiC (Table 1.1).10 However, the majority of experimentally obtained 
values evidence the presence of phonon-scattering processes that largely reduce 
thermal conductivity, most likely due to the presence of lattice defects and impurities 
(sometimes forming solid-solutions) and, also, as a consequence of the lower thermal 
conductivity of the grain boundary phase of polycrystalline SiC-based ceramics 
especially derived from liquid-phase-forming additives. 
As stated before (Table 1.1), SiC is a semiconductor with a broad band gap. 
Generally, this sort of ceramics exhibits electrical conductivity dependent on the level 
of doping, with values within a range from 10-9 to 105 S·m-1 depending on the type and 
amount of sintering additives used. In this regard, the case of sintering additives 
containing N is especially significant, since N atoms can easily be incorporated into 
the SiC lattice substituting for C in a diffusion process during sintering,11 leading to 
higher electrical conductivities. 
 
SiC mainly stands out as a structural material. Mechanical properties can be very 
different depending on the fabrication method, which may result in materials with 
different porosities, grain sizes, elongation of grains, type and amounts of secondary 
phases, doping, structural defects, etc. In Table 1.2, the main mechanical properties 






Table 1.2.- Mechanical parameters of different SiC materials, and reported ranges.5 
Elastic modulus (GPa) 400 - 500 
Poisson’s ratio 0.14 - 0.20 
Shear modulus (GPa) ~ 195 
Hardness (GPa) 18 - 30 
Fracture toughness (MPa·m1/2) ~ 2 - 5.4 
Weibull modulus 2 - 12 
Strength (MPa) 200 - 2200 
 
1.1.2.- Manufacture 
Several industrial processes have been designed to synthesize large amounts of SiC. 
Actually, more than a few patents have been registered where descriptions of 
different synthesis processes are put forward.12-15 Cowles12 and Acheson13 were the 
first to obtain, in the XIX century, synthetic SiC and the production has been 
increased and improved ever since. The Acheson process consists in the 
transformation of carbon (usually derived either from coke, a solid fuel originated from 
bituminous coal, or petroleum coke) and SiO2 at very elevated temperatures to 
fabricate SiC as a reaction product. Since 1896, after the patent by Acheson,13 the 
process has been improved producing larger amounts of SiC more efficiently. 
Typically, a graphite rod (Fig. 1.3) is introduced within a refractory chamber acting as 
a resistive heater when an electric current is applied to this graphite core.16 When the 
temperature at the core is sufficiently high (1700 ºC < T < 2500 ºC) to initiate the 
reactions, a layer of SiC surrounding the graphite resistance is formed, eventually 
resulting in a hollow cylinder around the void left by the graphite rod, rich in C, which 
is partially ejected as CO gas. In the inner parts of the SiC cylinder and the bordering 
areas on the outside, some unreacted materials can be found, including impurities 
insoluble in SiC. 
 





The basic reactions that take place for the fabrication process are:16 
C (s) + SiO2 (s) → SiO (g) + CO (g)       (1) 
SiO2 (s) + CO (g) → SiO (g) + CO2 (g)      (2) 
C (s) + CO2 (g) → 2CO (g)        (3) 
2C (s) + SiO (g) → SiC (s) + CO (g)       (4) 
 
The understanding of the interactions of gases is fundamental, since solid diffusion is 
not so high as to assume only the direct reactions between SiO2 and C, being the 
large-scale use of waste gases still a challenge. Initially, small crystals of β-SiC are 
produced, which might transform into α-SiC if temperature rises above 1900 ºC. Salt 
is sometimes included within the mixtures to eliminate iron, forming volatile iron 
chlorides. Iron is a common impurity in SiO2 materials and is useful here as a catalytic 
agent for reaction between C and CO2; Fe is, moreover, insoluble in SiC and driven to 
the peripheral reaction areas. Other elements, soluble in SiC, can be found like B, N 
or Al. The presence of aluminum, for instance, favors the formation of the 4H polytype 
at the expense of 6H at T > 2000 ºC. Impurities can determine the color of the as-
produced SiC crystals. Eventually, SiC is separated from the graphite and other 
reaction products. For the final achievement of specific properties, SiC can be 
crushed, sieved, often milled and chemically treated. 
Beyond the Acheson process, a group of diverse manufacturing methods are at 
present exploited for the synthesis of SiC in view of precise applications like highly-
crystalline electronic devices. In fact, as mentioned before, the high level of impurities 
in SiC associated to the Acheson process is the main drawback, and different 
approaches are required for the production of high purity SiC crystals, using 
techniques such as bulk large crystal growth, epitaxial layer growth for thin layers 
(both related to the Chemical Vapor Deposition (CVD) technique)17,18 and ion beam 
synthesis, where carbon is implanted into silicon substrates.19  
Finally, for the fabrication of SiC-based ceramics, the central route is the sintering of 
SiC powders (those generally obtained by the Acheson method), further explained in 
detail in Section 1.2. However, there are also other methods such as the use of 
preceramic polymers (silicon-containing polymers, namely polysilanes, 
polycarbosilanes, polysilazanes and polysiloxanes) which, after curing and pyrolytic 
steps, give way to SiC-based ceramic parts,20-22 showing the advantage that the 




Another important in-situ procedure to synthesize SiC-based parts is that known as 
reaction-bonding method. Normally, the product of these reactions is referred to as 
reaction bonded silicon infiltrated silicon carbide (SiSiC). The process for the 
fabrication of SiSiC ceramic composites starts by the forming of a compact that 
consists of graphite and polymeric surfactants and, sometimes, also SiC powders. 
Habitually, these complex porous green materials undergo a pyrolysis stage in an 
inert atmosphere to decompose organic additives and rearrange amorphous carbon. 
Next, the sample is infiltrated with liquid silicon; the process of infiltration consists in 
placing the C/SiC preforms in a crucible with a powders-bed of granulized silicon that 
melts upon heating above 1410 ºC, and then the liquid silicon penetrates through the 
material by capillary action; the formed C-Si liquid mixture becomes supersaturated in 
carbon and SiC precipitates.23 The original SiC particles are introduced to act as 
nucleation sites for the precipitation of the formed SiC. The penetration of Si through 
the material depends on the pore size, the temperature and the morphology of the 




Initially, SiC powders manufactured by the Acheson process13 were widely employed 
as an abrasive owing to its relatively low cost and prolonged durability; machining 
processes that involve abrasion like grinding or sandblasting make use of SiC as a 
primary material. Indeed, many works have been published where SiC is used as an 
abrasive.24,25 Also, sandpapers based on SiC showing different particle sizes are 
habitually employed. Few years after the fabrication of synthetic SiC, elementary 
electronic applications were also envisaged: in 1907, the first observation of 
electroluminiscence by applying a voltage to a SiC crystal with yellow, green and 
orange emissions at the cathode was developed by H.J. Round, as a preliminary 
concept to the light-emitting diodes (LEDs). Definitely, SiC has been employed as a 
semiconductor for the accomplishment of electronic devices such as Schottky 
diodes26 or metal-oxide-semiconductor field effect transistors (MOSFETs),27,28 with 
distinctive features as compared to other semiconductors, like wider band gaps, and 
the endurance to high temperature and high power working conditions. However, the 
main drawback of SiC electronic devices is the presence of defects, especially plane 
dislocations, which induce undesired effects on the performance of these devices. 
Another disadvantage of SiC is to have an indirect band gap, which makes 





band gap (like GaN). In spite of this, LEDs and blue diodes are regularly fabricated 
with 6H-SiC.29,30 
On the basis of the wide range of different properties mentioned in the previous 
section, together with the high resistance to oxidation or wear, SiC-based ceramics 
have widely been used for industrial purposes, most importantly where mechanical 
engineering devices and components where required, especially at elevated 
temperatures. Therefore, SiC-based items such as valves,31 mechanical sealings,32 or 
bearings of high durability33,34 have been manufactured. As an example, in Fig. 1.4 
several SiC based components are shown. Also, the relatively high corrosion 
resistance and thermal conductivity have contributed to the use of SiC ceramics as 
refractories (bricks, tubes, crucibles, kiln shelves…) and for devices related to thermal 
management and storage, such as heat sinks or thermal storage systems.35-37 
 
 
Figure 1.4.- Some commercial products (bearings, sealings, rolling elements) made of 
SiC. Images from www.hexoloy.com (left) and www.ceramtec.com (right). 
Other structural applications for SiC are developed as ceramic plates in bulletproof 
vests and, most generally, as an armor material for various purposes.38-40 Ceramic 
break discs have been the most important contribution of SiC-based ceramics 
(particularly, SiSiC materials or carbon fibers reinforced SiC composites) to the 
automotive industry.41 
Cellular SiC components have been employed as particulate filters for the gaseous 
emissions of cars, filters for molten metals42 and also as supports for catalytic 
chemical species43,44 thanks to the strength and the oxidation resistance of these 
ceramics.45,46 Also SiC-based cellular ceramics with improved thermal conductivity 
(have been employed in the manufacture of radiant burners and thermal flow 





Figure 1.5.- Heat exchangers made of SiC intended with high thermal conductivity 
and emissivity (www.kallex.com.tw). 
Less common applications include SiC optics (as a high-quality mirror for telescopes) 
based on the high elastic modulus and low thermal expansion of SiC grown by 
CVD.48,49 
 
1.2.- Sintering of SiC-based ceramic materials 
In order to obtain a good densification of SiC as a structural ceramic material, 
conventional sintering techniques such as Pressureless Sintering (PS), Hot Pressing 
(HP), Hot Isostatic Pressing (HIP) and Gas Pressure Sintering (GPS) have ordinarily 
been employed. All of them involve very high temperatures, above 1950 ºC, and 
mechanical or gas pressures in order to favor densification. In addition, liquid phase 
forming additives are usually employed to reduce the sintering temperature and 
increase densification. However, in certain applications, it is crucial to avoid the 
formation of intergranular phases because of their typically lower corrosion resistance 
compared to the SiC matrix, and/or the decrease in mechanical properties such as 
hardness or bending strength5,8 at high temperature due to the intergranular phase 
softening. In these cases, solid state sintering and additive-free sintering by a SiC 
recrystallization process have classically been achieved.  
The recrystallization of SiC is based on the consolidation of the SiC ceramic bodies 
through a partial evaporation and condensation of SiC at temperatures within the 
range 2100 ºC < T < 2500 ºC in inert atmospheres.50 The as-sintered ceramics 





Solid-state sintering for SiC is performed by generally adding small contents of either 
B and C (normally < 3 wt.%) or compounds containing B and C (like B4C).51 The roles 
played by these additives are fairly different as B tends to reduce the surface energy 
of SiC grains by entering within the SiC lattice as a solid solution, thus forming point 
defects that improve52,53 diffusion processes allowing densification by volume mass 
transport mechanisms. Meanwhile, C, in addition to reducing the native SiO2 layer of 
the SiC, limits those mass transport mechanisms which are ineffective in the sintering 
process. When these are arrested at temperatures lower than the onset of sintering, 
the grain growth of SiC is limited up to the temperatures where boron activates the 
mass transport mechanisms.54,55 The first attempts towards the development of solid-
state sintered SiC ceramics were carried out in the 1970’s decade using 2100 ºC for 
β-SiC51 and α-SiC56 powders. 
Other methods for achievement of SiC materials are based on reaction-sintering 
processes, including reaction-bonding23,57 that has been previously described in 
Subsection 1.1.2 and the pyrolysis of preceramic polymers.20  
Finally, it should be mentioned that the most modern Electric Current Activated 
Sintering (ECAS) techniques have also been employed for either the reaction of 
homogeneous silicon and carbon mixtures to yield SiC or simply densify raw SiC 
powders, obtaining moderately good results in terms of densification. Details of the 
ECAS of SiC are given in Section 1.3. 
  
1.2.1.- Liquid-phase sintering (LPS) 
The formation of a liquid phase to promote transport phenomena and increase the 
diffusivity of atoms through the liquid is the main goal of the LPS of ceramics, in 
particular of SiC, which imperatively depends on the adequate choice of the type and 
amounts of sintering aids. The first theoretical approach to the additives selection for 
SiC was based on the evaluation of the reactivity of SiC with certain compounds,58 
most of which are metal oxides. The use of these metal oxides may involve the 
interaction of gaseous O2 with SiC yielding either volatile species such as CO, CO2 or 
SiO, or liquid SiO2. The reactions where gases are formed may imply significant 




Additionally, from the interaction of SiC with metal oxides at the sintering 
temperatures, the formation of free Si and metallic carbides should be avoided, in 
reactions like: 
2SiC (s) + xMaOb (s) → 2Si (l) + yMcCd (s) + zCO (g)    (5) 
According to thermodynamic analyses, only some metallic oxides do not react with 
SiC at the sintering temperatures in inert atmospheres, such as Al2O3, BeO, Y2O3, 
HfO2 and some rare earth oxides. Furthermore, the presence of the native SiO2 in the 
surface of SiC particles is also accountable for the formation of the glassy phase in 
the considered oxide additives system, and the temperature reduction of the expected 
liquid phase formation. Indeed, the use of Al2O3, Y2O3, Y3Al5O12 (YAG), La2O3, 
Sm2O3, or Sc2O3 has often been reported to successfully sinter SiC.59-67 
It should be mentioned that LPS processes generally consist in a sequence of three 
dominant stages, also valid for the case of SiC-based ceramics: 
i) Particle rearrangement. As liquids melts, redistribution of the liquid and particle 
rearrangement takes place under the action of the capillary forces and thermal 
gradients in the material; this step is sometimes favored by the application of 
mechanical pressure.  
ii) Solution-precipitation. Densification and grain shape accommodation occur by 
mass transport through the liquid phase.  
iii) Final stage. A decrease in the densification rate occurs and grain growth takes 
place usually by an Ostwald ripening mechanism. This process occurs because 
larger particles (lower curvature) are more energetically favored than smaller 
particles (higher curvature).  Accordingly, dissolution of small particles and 
reprecipitation of dissolved species on the surface of large particles takes place, 
leading to an increase of the overall average size. 
Microstructures of LPS-SiC can easily be designed to display different grain sizes and 
aspect ratios for SiC, by way of techniques which normally entail the β→α-SiC 
transformation. A well-known example of this is the use of post-sintering annealing 
treatments in inert atmospheres. Nonetheless, extended heat treatments may cause 






For the LPS of SiC, the most widely studied additive system is that of SiO2-Y2O3-
Al2O3. This system is particularly interesting since the garnet of Y and Al, YAG, may 
precipitate at the SiC grain boundaries (Fig. 1.6) producing materials of very low 
creep rate and with adequate interfacial bonding for activating toughening 
mechanisms.69,70 In this system, SiC can interact with Y2O3, Al2O3 and SiO2 producing 
volatile species (generally gaseous SiO and CO). To avoid or reduce these reactions, 
the technique of seeding the initial powders of β-SiC with larger grains of α-SiC or    
β-SiC enables a more rapid β→α-SiC transformation, and also reinforcement with 
elongated grains.71 
 
Figure 1.6.- Scanning electron microscopy (SEM) micrographs of polished and 
plasma-etched cross-sections of four LPSed-SiC ceramics prepared with Y2O3 and 
Al2O3 in stochiometric proportions to yield the amounts of YAG in the legends (light 
regions represent YAG). Adapted from Borrero et al.72 
 
Comparable microstructures have been found for the Y2O3-AlN additive system.67-73 
Solid solutions formed by SiC and AlN74-76 allow the control of grain boundary phase 
compositions to yield different properties and microstructures. Actually, a preliminary 
study in the AlN–Y2O3–Al2O3 ternary system77 showed the abundant liquid phase 
formation at the sintering temperatures for certain compositions. The use of rare-earth 
oxides has also been attempted in the particular case of SPS, and examples of that 





1.3.- Spark Plasma Sintering (SPS) of SiC 
Among the most modern and fast sintering methods, SPS stands out among the 
group of the so-called ECAS techniques, which also includes others, such as flash 
sintering. These techniques were mostly developed in Japan in the 70’s, and were 
extended worldwide in the late 90’s. Orru et al.78 proposed a classification of ECAS as 
(i) electrical discharge sintering and (ii) resistive sintering (RS) techniques. In the first 
case, a high voltage electric discharge pulse is applied to a conductive material within 
an electrically insulating die (such as glass), which may undergo softening at high 
temperatures (above 800 ºC), hindering a possible sintering process at temperatures 
above that value. It makes use of the energy stored in a capacitor, suddenly released 
to the powder compacts. In the second group of techniques (RS), the application of 
low voltages (1-10 V) and high electric currents is done through an electrically 
conducting die, exerting mechanical pressure on the punches. This group includes 
the most well-known techniques such as SPS, Pulsed Electric Current Sintering 
(PECS), Plasma Activated Sintering (PAS) and Field Activated Sintering (FAST), 
among others. A recent study showed the ultrafast densification (as a sudden 
sintering event) by the direct application of a direct current (DC) or alternating current 
(AC) voltage across the ceramic powders during heating in a furnace (the so-called 
flash sintering).79 At high electric fields (above a certain threshold depending on the 
different materials), a transition from electrically insulating to electrically conductive 
ceramics has been observed which allows the sintering in a few seconds. The 
temperature for this transition becomes lower and lower with increasing field values.  
 
The SPS method, in particular, consists in the sintering of materials under the 
application of electric direct current pulses that induce the Joule heating of the sample 
or the graphite die, since the current passes through the powdered compacts in the 
case of conductive materials, or surrounding the specimen through the graphite 
tooling of the furnace in the case of insulators. A mechanical uniaxial pressure is 
simultaneously applied to enhance sintering. On the whole, the preparation of the 
SPS ceramic compacts requires the introduction of the ceramic powders in a graphite 
die and punches system (Fig.1.7) that allows the subsequent application of pressure, 
and the use of the punches as electrodes for the current flow through the graphite-
ceramic set-up. In a standard configuration, these elements are symmetrically placed 
within the SPS vacuum chamber, and the short current pulses (typically ~ 3 ms) are 
made to flow through the system generating the in-situ heating by the Joule effect. 





prevent degradation. Parameters such as powder compaction, die arrangement, 
temperature sensor location, current pulse pattern, as well as the electric and thermal 
resistances of the whole system (specimen plus graphite tools) strongly determine the 
current/heat flow and sintering kinetics.78,80,81 
 
Figure 1.7.- Optical image of the employed SPS furnace chamber while sintering a 
SiC specimen. 
Furthermore, variations of the current density in the SPS furnace by modifying the 
punches/die set-up could also be explored to achieve controlled temperature 
gradients within the powder compact, which has allowed in-situ developing 
functionally graded Si3N4 materials.82,83 In addition, electric current flow isolation can 
be induced by using highly resistive films, like powdered boron nitride (BN) or Al2O3 
fibers, affecting the sintering kinetics by SPS, as proved for various ceramics, such as 
Al2O3, HfB2-SiC, ZrB2 and MoSi2.84,85 
One of the main advantages of the ECAS techniques and, in particular, of SPS, is the 
shorter sintering times and lower sintering temperatures required to fully densify 
ceramic materials as compared to conventional sintering methods such as HP. The 
key factor that affects these beneficial sintering conditions is the rapid heating rate 
achievable on account of the in-situ Joule heating: heating ramps in the range of 100-
400 ºC·min-1 can be developed.78,80 There has been prolonged scientific controversy 
on the mechanisms that act as the driving forces for the SPS process; this is because 
there is an intrinsic problem to elucidate the role played by electric current, as both 




simple analysis. Actually, the formation of plasma had often been discussed as a 
possible mechanism, but it could not be clearly confirmed by tests that normally 
compared different microstructures under distinct SPS sintering conditions.86-88 Later 
on, Hulbert et al.89 ruled out the possibility of the formation of plasma in SPS. Olevski 
et al.90 classified the parameters affecting the densification and grain growth kinetics 
of ceramics into two groups: thermal and non-thermal. Among the first group, the 
heating rate, creep phenomena under the effects of pressure, or temperature 
gradients are the most remarkable. Among the second group are phenomena like 
surface oxide cleaning leading to contact fritting and channeling effects, 
electromigration or electroplasticity. Finally, electrowetting mechanism, which predicts 
an improved wetting of the grain boundary liquid phase proportional to the square of 
voltage, has been proposed to explain to explain the enhanced densification of Si3N4 
ceramics occurring in the particle rearrangement stage during SPS in the presence of 
a liquid phase (LPSPS).91  
 
Anyhow, the short sintering times and low sintering temperatures of SPS allowed to 
envisage this system as an efficient sintering method for nanoceramics, inhibiting 
grain growth, and for the sintering of ceramic composites containing carbon 
nanostructures (CNs) as fillers due to their reduced degradation or damage. As 
examples, the accomplishment of these objectives was achieved by Nishimura et al.92 
in 1995, who fabricated a β-Si3N4–based nanoceramics, or by Osendi et al.93 in 2009 
with the successful densification of a ceramic matrix (Si3N4) containing highly-
dispersed carbon nanotubes without degradation. Nowadays, SPS has actually been 
used for the consolidation of the majority of the most commonly used ceramic 
materials and composites. 
 
Recently, the SPS technique is increasingly being considered as a rapid method for 
the sintering of SiC. Consequently, finer microstructures for SiC ceramics are 
normally developed. At present, the influence of sintering parameters on the 
microstructure and final properties of these SPSed SiC materials is not completely 
known.  As described for other sintering techniques, the addition of sintering additives 
has also been considered in SPS to overcome the lack of sinterability of SiC. 
Nonetheless, as sintering additives increase radiation absorption, the challenge of 
reaching full densification by SPS has been faced in view of nuclear applications for 
additive-free micro- and nano-sized SiC powders; indeed, SPS appears as one of the 
few techniques that allows to obtain nearly-dense SiC ceramics without the use of 





for temperatures below 1700°C and porosities in the range of 8-20% for temperatures 
of 1850 ºC were reported,94,95 even in spite of applying high sintering loads (75 
MPa).94 In fact, temperatures above 2050 ºC, holding times longer than 5 min and 
uniaxial loads of 69 MPa were required to fully densify micro-sized α-SiC powders.96 
In order to lessen those arduous sintering conditions for additive-free SiC ceramics, 
different strategies have been attempted. For example, by way of a previous 
agglomeration step to form granules of 80 μm, relative densities ≥ 98% were attained 
at 1860 ºC.95 Alternatively, dense samples were obtained at 1700 ºC applying only 40 
MPa by using raw materials obtained by a mechano-chemical synthesis.97 In the case 
of nanostructured powders of β-SiC synthesized by laser pyrolysis, relatively dense 
materials (~ 96%) were also processed by SPS at 1850 ºC.100,101 
 
Diverse results are also reported for the SiC densification in the presence of non-
oxide additives.53,102-104 Zhou et al.102 achieved densities of 99% of the theoretical 
value at temperatures of as low as 1600 ºC for nanometer sized β-SiC powders 
containing 2.0 wt.% of Al4C3 and 0.4 wt.% of B4C. On the other hand, Maître et al.53 
showed slightly enhanced densification by SPS at 1950 ºC when boron plus carbon 
were used as sintering aids reporting 98.8% of relative density versus 97.5% for pure 
SiC powders. 
 
Lastly, advanced LPSed-SiC ceramics are nowadays densified by SPS at noticeably 
lower temperatures and shorter times than those for conventional methods.105 
Surprisingly, scarce research has been devoted to studying the LPSPS of SiC with 
liquid phase forming additives in the Y2O3-Al2O3 system.106,107 Zhou et al.106 were in 
1999 the first to make a comparison between non-oxide (Al4C3-B4C-C) and Y2O3-
Al2O3 sintering aids, and reported relative densities of 99.7% and 95.2%, respectively, 
for materials SPSed at 1700 ºC. These authors concluded that the addition of Al4C3-
B4C-C profoundly promoted phase transformation, densification rate, and grain 
growth, leading to materials with lower fracture toughness and greater hardness, as 
compared to the Y2O3-Al2O3 system. Recently, hardness of 31 GPa and fracture 
toughness of 6.6 MPa·m1/2 have been reported for SiC ceramics processed by SPS 
containing YAM (yttrium aluminum monoclinic, Y4Al2O9) as a grain boundary phase.108 
There are other works on the topic where non-oxide and oxide sintering additives 
were combined; for example, studies on SPSed SiC at 1900 ºC with Y2O3-AlN 
additives (up to 10 vol.%), which produced fully dense materials.109,110 Finally, the 
feasibility of flash sintering of SiC (with Al2O3-Y2O3 as sintering aids) at temperatures 




Despite the variety of studies listed above on the SPS of SiC powders, there is still a 
significant lack of fundamental research dealing with the effect of the starting particle 
size, the SiC polytype or the electric current distribution on the sintering process of 
SiC ceramics with Y2O3-Al2O3 additives. Those points will be tackled within the study 
of this PhD Thesis. 
 
1.4.- SiC-based cellular ceramics: processing routes 
The fabrication of SiC-based cellular ceramics has traditionally consisted in the 
manufacture of foams and honeycombs with appreciated structural properties (low 
density, large exposed surface and, especially, relatively high mechanical 
resistance).112-117 The most common processing routes for cellular ceramics have as 
well been employed for SiC:118 i) the use of sacrificial templates, ii) the replica 
technique, and iii) the direct foaming. Below, some examples of these methods are 
given when applied to SiC based ceramics, regardless of the method for the 
synthesis of SiC (from SiC powders, preceramic polymers, reaction-bonding, etc). 
More recently, some attempts have been done to develop SiC cellular materials by 
additive AM mainly by reaction-sintering methods. This topic will be addressed in 
Chapter 2.  
 
The use of sacrificial templates (being natural or synthetic materials) consists in 
homogeneously dispersing a sacrificial phase by employing colloidal processing 
methods within a continuous matrix of either ceramic particles or ceramic precursors; 
subsequently, this sacrificial phase is eliminated, which entails the origination of pores 
within the material to be eventually sintered. A usual approach is to obtain a 
homogeneous mixture of both phases, and then, the application of pressure to form 
the biphasic compacts. Alternatively, a casting technique can be applied from the 
formation of a biphasic suspension. When sacrificial templates are organic materials, 
the most habitual method for their removal is via slow pyrolysis (less common 
methods employ other alternatives such as acids etching depending on the type of 
sacrificial template used). Several works can be found in the literature where the 
sacrificial templating of cellular SiC ceramics is reported.119-122 In most of these 
studies, open-cell, microcellular SiC ceramics with different morphologies were 
fabricated using preceramic polymers (polymethylsilane or polisiloxane) as SiC 
precursors and different sacrificial templates such as polymer microbeads, glass 





the pyrolysis of the precursors at ~ 1200 – 1250 ºC in Ar or N2 atmospheres, forming 
SiOC and C. The range of porosity for the as-obtained materials oscillates from 60% 
to 95%. Another example is the development of bimodal cell structures by 
simultaneously using two kinds of pore formers (expandable microspheres and 
smaller polymethylmethacrylate, also known as PMMA, spheres) and using SiC, Y2O3 
and Al2O3 particles as starting powders.122 In Fig. 1.8, fracture surfaces of these 
cellular SiC ceramics are shown, where the large pores derive from the expandable 
microspheres and the small pores in the strut in Fig. 1.8b are caused by the PMMA 
spheres. Finally, starch additions have also been used as pore-forming agents to 
either produce alternate laminates of dense and porous SiC layers123 or porous 
honeycomb structures.124 
 
Figure 1.8.- SEM images corresponding to the fracture surfaces of microcellular SiC 
ceramics sintered at 1850 °C for 3 h, with no PMMA additions (a), and using 20 wt.% 
PMMA (b).122 
 
The replica technique consists in the use of either a ceramic powder suspension or a 
ceramic precursors solution to impregnate a cellular structure and finally produce a 
cellular ceramic material with the same shape as the template. The impregnating 
structure is typically made of organic materials (as polymers) to facilitate their 
subsequent elimination, and might be either natural or synthetically created. Actually, 
polymeric sponges were the first used templates, patented in 1963.125 Sponge 
replicas yield highly interconnected open porosity (40%-95%), with pore sizes being 
within the range 200 μm―3 mm. The rheology of these suspensions must satisfy 
certain requirements to allow the elimination of excess suspension in the sponges 
avoiding dripping at the same time; in this regard, the suspensions must be 
sufficiently viscous and show shear-thinning rheology. In the case of SiC, the use of 
preceramic polymers is still preferred, as compared to SiC suspensions, to 




pyrolysis and sintering stages.126-128 As an example, Bao et al.126 prepared SiC foams 
by immersing polyurethane templates in polysilane solutions. Most impressively, 
using polymeric templates constructed by additive manufacturing methods, complex 
3D periodic structures of SiC showing dense struts, as shown in Fig. 1.9, were 
obtained by impregnating the 3D-templates into an α-SiC powders-based slurry, 
followed by the pyrolysis of the polymeric templates and a Si reactive infiltration.127 
 
Figure 1.9.- Optical images of the manufacturing stages: (a) 3D polymeric template,  
(b) slurry replication, (c) pyrolysis, and (d) silicon infiltration.127 
 
Cellular structures found in nature have also been used as templates in the 
manufacture of ceramic foams, showing advantages like the achievement of different 
pore shapes and microstructures as compared to polymeric sponges. In particular, 
corals and wood have been the most popular natural templates. In the case of SiC, 
wood has been the most widespread,129-135 using impregnation either with precursors, 
with SiC suspensions or by using Si-vapor infiltration. As an example of the latter, 
Vogli et al.129 developed these method with pine-wood templates that undergo a 
pyrolysis step and react with Si, obtaining β-SiC cellular materials with porosity in the 
region of 70%. Another example is the impregnation of pine-wood with a SiO2 sol in a 
sol-gel process,130 to be next dried and subjected to a pyrolysis at 500 ºC, and a 
stage for SiC synthesis at 1600 ºC in argon. Fig. 1.10 shows characteristic 






Figure 1.10.-  SEM micrographs of: (a) longitudinal and (b) transverse views of SiC 
cellular samples developed by impregnating pine-wood templates with a SiO2 sol and 
its subsequent pyrolysis and sintering at 1600 ºC for 4 h.130 
 
The third key route for the production of SiC ceramic foams is the direct foaming 
method.136,137 In this method, bubbles of air are introduced into ceramic suspensions 
or solutions of preceramics in such a way that the structure is commonly fixed by 
freezing. Afterwards, these macroporous green bodies undergo a sintering process. 
The kinetics related to the coalescence of bubbles is the main parameter to control 
the pore sizes achievable by this technique. Consequently, controlling the 
stabilization of air bubbles is fundamental for tailoring the final properties of these 
materials. Sometimes, amphiphilic molecules or lipids or proteins, or alternatively 
solid particles, may be added to the suspensions for stabilizing these gels. An 
example of a SiC foam is given in Fig. 1.11. 
 
 









1.5.1.- Properties and production processes 
Graphene can be defined as a monolayer of carbon atoms (Fig. 1.12) arranged in a 
hexagonal lattice, and united by sp2-hybridized chemical bonds. Graphene constitutes 
the basic unit for the formation of the family of carbon allotropes, such as carbon 
nanotubes when rolled up in a cylinder, fullerenes when graphene structures are 
closed in spherical shapes, and graphite when a very large number of layers are 
considered to be repetitively piled up.  
Graphene exhibits exceptional functional properties. As for the reported electric 
transport phenomena,139,140, an electron mobility of as high as 2 x 105 cm2·V-1·s-1 was 
recorded,141 which arises from the peculiarity of the band structure that resembles a 
semiconductor with a zero band gap energy. Also, the graphene elastic modulus has 
been reported to be of as high as 1 TPa.142 
 
Figure 1.12.- Monolayered graphene: the 2D building element of carbon 
nanomaterials (fullerene (left), carbon nanotubes (center), graphite (right)).138 
 
Moreover, thermal conductivity is also extraordinary: most measurements are 
developed on suspended monolayers resulting in very elevated in-plane conductivity 
values (from 5000 to 2000 W·m-1·K-1),143-146 which coincide with computed estimations 
(2000 W·m-1·K-1),147 tending to decrease in the case of supported graphene 





decrease, as shown by Ghosh et al.,149 with an increasing number of atomic planes 
(n) in the graphene sheets due to boundary scattering of phonons, finally reaching 
values similar to those of graphite for the case of graphene nanoplatelets (GNPs), 
where n>8. Also, optical properties are noteworthy on account of its low absorption.150 
Actually, graphene-based prototypes have been an efficient alternative for the 
replacement of transparent conductive oxides in solar cells.151,152 
 
Novoselov et al.153 were the first in 2004 to report the stable isolation of a single 
monoatomic layer of graphite, eventually called graphene (name assigned by H.P. 
Boehm),154 by mechanical cleavage. This method is essentially based on the 
separation of graphene layers from graphite, which are mutually bonded by π orbitals 
in the direction perpendicular to the planes. Normally, the cleavage can be 
accomplished by the use of a scotch tape where the graphene layers remain sticked, 
and transferring them later onto a substrate by the application of pressure.155 Another 
means to produce graphene layers is carried out by epitaxial growth on 6H-SiC 
wafers by thermal decomposition of the substrate in ultra-high vacuum or in 
argon,156,157 typically by sublimating the Si, thus avoiding the transfer process for 
microelectronic applications. Attempts to develop this process by using lasers have 
also been accomplished: epitaxial, few-layered and low strain graphene films were 
obtained on SiC (0001).158 In any case, these methods give way to tiny amounts of 
graphene, and others with more profuse productions are searched especially for the 
fabrication of composites. 
 
At present, producing graphene in large amounts and at a relatively low cost is the 
aim of certain production methods like liquid-phase exfoliation, or also CVD 
techniques, as shown in Fig. 1.13.159 CVD is in fact one of the most common methods 
to produce large-surface graphene layers on metallic substrates.160,161 In a vacuum 
atmosphere at high temperatures, different hydrocarbons can be made to flow in 
contact with the metallic surfaces allowing the carbon atoms to slightly penetrate 
within the metals, and eventually segregating the carbon during cooling forming a 
surface layer of graphene. The CVD conditions (mainly temperature and growing 
time) determine the final properties of the as-created graphene layers (thickness, 
size, doping, crystallinity…). Plasma-assisted CVDs allow reducing reaction 
temperatures. Also, even 3D-structured graphene has been created with the use of 





Figure 1.13.- Some methods for the production of graphene depending on the quality 
and price.159 
 
For the fabrication of ceramic composites using graphene as a dispersed phase, 
profuse productions of graphene are intended, and methods that result in GNPs or 
graphene oxide (GO) nanoplatelets such as the mechanical and chemical exfoliation, 
respectively, are commonly employed.164 As for the mechanical exfoliation, a 
characteristic route is the use of ultrasonication of graphite in a liquid, such as organic 
solvents, aqueous solutions of surfactants or ionic liquids. On the other hand, the 
method proposed by Hummer, as described later by Dreyer et al.,165 using NaNO3 
and H2SO4 mixed with KMnO4 is commonly used for GO production. The fundamental 
point is that oxidized graphite becomes highly hydrophilic, in contrast to graphite, with 
hydroxyl and epoxide groups attached to the surfaces and carbonyl and carboxylic 
groups to the edges, which permits water molecules to penetrate and intercalate the 
different layers. Ultimately, an agitation or sonication process brings in the exfoliation 
of the different layers. The Hummer’s method for the production of GO has often been 
modified employing K2S2O8 and P2O5 in H2SO4.166 GOs can still undergo a reduction 
process (rGO) that releases the attached chemical groups, recovering most of the 
structure and properties of pure graphene; these processes might include thermal 







1.5.2.- Graphene ceramic composites 
Using GNPs and GOs, instead of graphene, for the manufacture of ceramic-based 
composites has certain advantages such as the cost-effectiveness of the process, 
and the ability to obtain abundant batches of materials, enabling a larger scale 
production. Nevertheless, the reported paramount properties of pure, monolayered 
graphene tend to decrease when multilayered sheets are employed (as in the case of 
GNPs), or when a plentiful presence of defects (normally the case of rGOs) impairs 
the conduction phenomena along the graphene plane. For any of these fillers, 
homogeneous dispersions have been accomplished after adequate processing 
resulting in well-dispersed composites.   
The above-mentioned methods to abundantly produce GNPs and GO are of singular 
interest for the fabrication of composite materials where polymers or ceramics act as 
matrices, whose properties are significantly modified by the incorporation of those 
graphene-based structures. In particular, thermal and electrical conductivities are 
expected to be enhanced, a priori, by these graphene additions. Several works have 
been published where ceramic matrices containing GNPs or rGOs exhibit increased 
and anisotropic electrical conductivity.167-173 As for the electrical conductivity, 
increments of up to 14 orders of magnitude for insulating Al2O3 and Si3N4 matrices 
have been reached, showing values of 5.7x103 S·m-1 in Al2O3 containing 15 vol.% 
GNPs167 and 4x103 S·m-1 for Si3N4 with 24 vol.% GNPs,168 defining in both cases a 
threshold for percolation for GNPs amounts below 8 vol.%. High electrical 
conductivity and lower percolation threshold (< 4.3 vol.%) as compared to that of 
GNPs composites have been reported for ceramic composites containing rGOs,169-171 
thermally reduced in-situ during sintering. Values of up to 700 S·m-1 have been 
reported for Si3N4 composites with 7.2 vol.% of finely exfoliated rGOs;169 furthermore, 
1.2x104 S·m-1 for yttria-stabilized zirconia (YSZ) ceramics have been reached with a 
filler content of 4.1 vol.% rGOs,170 and 103 S·m-1 for Al2O3 with rGOs contents of only 
2.35 vol.%.171  
GNPs also appear as an interesting dispersed phase for the thermal functionalization 
of ceramic matrices.170,174-180 Some common features can be pointed out regarding 
the thermal conduction phenomena in the composites. Firstly, due to the preferential 
orientation of the ab basal plane of graphene sheets perpendicular to pressing axis 
during pressure-assisted sintering, as in SPS or HP, the enhancement of thermal 
conductivity (KT) in the direction defined by the ab plane174-176 emerges as the most 




reported when measuring in the direction parallel to the pressing axis.170,174-179 Thus, a 
high level of thermal anisotropy is created, as observed in the cases of Si3N4174,175 
and Al2O3176 matrices. Accordingly, using the KT/KT|| ratio as a measurement of 
thermal anisotropy between in-plane () and through thickness (||) directions, values 
of ~2-3 have been reported for composites containing 10-12 wt.% of GNPs in 
Si3N4174,175 and Al2O3176 matrices. Secondly, the more defective nature of rGOs results 
in more abrupt decreases in KT|| than in the case of GNPs-containing ceramics. As an 
example, KT|| was reduced to more than half its value with rGO additions of only 2 
wt.% (92.5 → 37.4 W·m-1·K-1) in an AlN matrix177 whereas a similar decrease was 
only attained for ~10 vol.% GNPs178 also in a similar AlN-based matrix. An analogous 
KT|| reduction was observed for Si3N4 ceramics.179 Lastly, the thermal conductivity of 
GNPs/SiC composites has preliminarily been investigated for specimens fabricated 
by a solid-state pressureless-sintering method as a function of the graphene 
content.180 Unluckily, the pressureless process led to evident porosity for GNPs 
contents higher than 3 wt.% and, besides, no considerations on the temperature 
dependence or the anisotropy were made in that study. It was found that the thermal 
conductivity increased with GNPs content up to ~ 20% for 2.0 wt.% of GNPs, and it 
significantly decreased for higher GNPs amounts due to the remaining porosity. 
Recently, graphene-based nanostructures have attracted a great interest as efficient 
reinforcement fillers for toughening some oxide and non-oxide ceramics due to their 
capability for promoting toughening mechanisms such as crack deflections, or the 
bridging of the cracks by the fillers.170,178,181-188 By way of example, an illustration of 
the bridging mechanism by Ramirez et al.181 is given in Fig. 1.14. Al2O3 and Si3N4 
composites are the most investigated systems, and for which the most remarkable 
fracture toughness (KIC) results have been obtained until now. Focusing on the Al2O3-
based composites, Lee et al.182 reported KIC values of up to 10.5 MPa·m1/2 when an 
amount of 2 vol.% of rGO was added, which corresponded to an increment of ~150% 
as compared to the monolithic ceramics; the flexural strength (σf) of the composite 
was also increased in 21%. Centeno et al.183 found improvements in σ up to 80% for 
0.22 wt.% rGOs composites, suggesting that the restriction of the Al2O3 grain growth 
during the sintering process due to the presence of rGOs is the cause for that 
increment. Furthermore, Fan et al. reported a drastic increase of strain tolerance by 
∼40% for a 2.2 vol.% rGOs/Al2O3 composite.184 In the case of graphene/Si3N4 
composites, a toughness increase as high as 135 % was reported by Walker at al.185 
and Ramirez et al.186 The latter authors reported, when 4.3 vol.% rGOs were added to 





10% (being the maximum value of 1050 MPa).186 Other ceramics have been explored 
for graphene reinforcement with dissimilar results. For example, Shin et al.170 
increased the fracture toughness of YSZ ceramics in ~34% by adding 4 vol.% of 
rGOs, while Nieto et al.187 reached KIC improvements of ~100% for tantalum carbide 
(TaC) ceramics with 5 vol.% of GNPs, attaining top KIC values of 11.7 MPa·m1/2. Yun 
et al.178 recently reported the mechanical performance of 1.5 vol.% GNPs/AlN 
composites, showing increases in KIC and σf of about 30% and 17%, respectively.  
 
 
Figure 1.14.- SEM image of an indentation crack path in 4 vol.% rGOs/Si3N4 
composite with rGOs fillers intercepting the crack, and a broken/extracted sheet with 
indication of debond lengths.181 
 
Finally, it should be mentioned that due to the effects of the solid-lubricating 
properties of graphitic materials, graphene has been incorporated into ceramics as a 
self-lubricating filler, using matrices such as Si3N4,189-191 Al2O3192,193 and SiO2.194 In 
particular, in these composites, GNPs exfoliation is produced during the wear 
processes, giving way to the in-situ formation of a self-lubricated tribofilm that protects 
materials from abrasion and wear processes. In this way, the addition of 3 wt.% of 
GNPs to a Si3N4 matrix reduced the friction and improved the wear resistance up to 
56% under isooctane lubricated conditions189 and decreased wear in a 60% under dry 
sliding conditions190, although GNPs additives did not decrease the friction coefficient 
in that case. Graphene/Al2O3 composites192,193 also showed remarkable 
improvements (up to one order of magnitude) on the wear resistance when compared 
to the monolithic alumina jointly with slight decreases in friction. Finally, it was found 
by Porwal et al.194 that the addition of 5 vol.% of GNPs to a SiO2 matrix improved the 
wear resistance up to 8.5 times.  
 
In spite of the variety of works devoted to the fabrication and properties of ceramic-




a thorough investigation of SiC matrices containing graphene, with the only exception 
of a spare work by Li et al.180 on the thermal properties of GNPs/SiC materials 
obtained by presureless sintering. Thus, the emergence of a study devoted to the 
processing of GNPs/SiC ceramic composites and structures and the analysis of their 
properties is of paramount importance. In this PhD Thesis, the fabrication of this sort 
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2.1.- Introduction: the additive manufacturing techniques & Robocasting 
The new advances achieved in materials science over the last years, particularly in 
the field of ceramics, have oriented research activities towards new applications that 
require the development of dense or porous ceramic components and structures with 
more and more complex designs, and smaller feature sizes at the microscale. 
Significant examples of present and near-future applications envisaged for ceramic 
materials are listed in Table 2.1. 
Table 2.1.- Some of the most relevant present and near-future applications of 
complex ceramic components in different fields. 
Field of interest Specific applications 
Acoustics Acoustic metamaterials, lenses, cloaks 
Biomaterials Bone implants, dental prostheses 
Chemistry Advanced filters, catalytic supports, sensors 
Electromagnetism Electrodes, electromagnetic interference shields, memories 
Electronics Ceramic substrates, capacitors, piezo-actuators, thermistors 
Energy Fuel cells, gas turbines, burners, batteries, solar cells 
Nuclear  Fuel cladding 
Optics Optical fibres, electro-optic devices 




Heat sinks, heat exchangers, thermal insulators 
 
For the accomplishment of these uses and functionalities, the manufacture of 
components has traditionally been limited by the unavailability of techniques capable 
to produce 3D-shaped ceramic bodies, where a higher approach from the initial 
(green) to the final (sintered) state of the finished materials is attained. As far as 
possible, the objective should be to avoid machining processes that raise the price of 
the final product, and prolong the production time at large-scale.1 
The concept of AM is the opposite of machining.2 Machining processes of ceramics 
involve the removal of material, once the ceramic body is sintered, to obtain a shaped 
structure; conversely, AM techniques include those which consist in forming the 
prototypes by continuously adding or attaching material so that the final 3D shape is 




Modern AM procedures implement the equipment with advanced technology based 
on computer-controlled operation that allows the reproducibility of designs and a high 
level of accuracy for the smallest possible feature sizes.3,4 
Initially, the development of AM techniques was not envisaged for mass production 
methods of ordinary products. The attention is normally put on the fact that the as-
fabricated parts have a high added value for certain applications that require especial 
geometries, which are impossible to fabricate either by using molds or by machining, 
owing to their small size and geometrical intricacy. Therefore, those specific needs for 
accurate complex shapes justified the high costs in AM; today, the advanced 
development in the field of AM has already lowered the production costs. At the time 
being, when there are already different AM techniques available for ceramics, 
materials with new functionalities, scalability issues (size, resolution), and a more 
effective production are being investigated. 
Depending on the different authors, there are several classifications of the AM 
techniques. Travitzky et al.5 presented a categorization (Fig. 2.1) where the main AM 
processes are arranged, in essence, in relation to the dimensional order of the 
material being added or delivered to form the final component, to the state of 
aggregation of the starting material, and to the type of layer formation. 
The main differences and characteristics of the potential achievable shapes of the 
structures to be created by using an AM technique, or in other words, the limits for the 
fabrication of very complex morphologies and cellular architectures, are attributable to 
the ink delivery system, taking into account the general classification of zero-, one- 
and two-dimensional-order “printing units” that can be considered for material 
deposition (drops, filaments or plates, respectively). In this way, AM techniques are 
often referred to as droplet-, filament- or plate-based manufacturing, respectively. 
A more detailed description of these techniques as a function of the dimensional 







Figure 2.1.- General classification of the AM techniques according to Travitzky et al.5 
 
2.1.1.- The zero-dimensional-order techniques  
The zero-dimensional-order techniques based on a droplet delivery approach 
comprise direct6-8 and indirect ink-jet printing (the latter is also known as 3D printing, 
3DP).9-11 As in all of AM methods, structures are constructed in a layer-by-layer 
fashion, each layer being considered in these cases as an arrangement of pixels filled 
(or not) by a single droplet each. The droplet size determines the layer thickness and 
lateral resolution of each pixel, which are also affected by the spreading and 
deformation of droplets once deposited. Both direct and indirect ink-jet printing 
methods fail, as compared to other AM techniques, in relation to the attainable 
accuracy and finishing of the final structures. 
Direct ink-jet printing (Fig. 2.2a) is typically developed in air with colloidal inks or 
waxes containing ceramic powders that rapidly solidify after drying or freezing, 
respectively. The use of waxes, held in a melted state, makes the process of 
solidification easier since they cool and solidify instantly, although they are more 
difficult to remove than binders after being printed.12-15 Also, by implementing the 
direct ink-jet printing methods with two nozzles, there is an approach for the 




fugitive ink (eventually removable by calcination) that acts as a supporting element for 
the floating parts of the as-printed structures, which gives a higher versatility towards 
the fabrication of complex structures. 
 
Figure 2.2.- Representative illustrations of (a) direct ink-jet printing and (b) indirect 
ink-jet printing methods (images from costumpartnet.com) 
In contrast, solutions consisting of only binders are capable to create local aggregates 
of ceramic particles once deposited onto a ceramic powdered substrate. This 
principle is used to build up the structures in indirect ink-jet printing (Fig. 2.2b). The 
procedure is essentially based on a powders-bed constructed in a layer-by-layer 
sequence with a powder spreader, with droplets of binders being deposited onto the 
bed where required in each layer. The powders-bed sustains the printed droplets in 
each layer, providing support for the subsequent levels, which allows the fabrication 





removed. This versatility is not always an advantage since undesired trapped 
powders may be present within the most intricate morphologies (requiring at least one 
open hole to remove the surplus powders).  
Both the direct and the indirect ink-jet printing methods have been put into operation 
with two possible types of ink delivery methods: constant-frequency7,16 and drop-on-
demand6,12,13,17 systems. In the constant-frequency delivery systems, droplets of ink 
are dispensed through the nozzle at a certain fixed frequency. These droplets are 
electrically charged when coming out of the nozzle, and it allows selecting which 
droplets are deposited to form the structure, and which ones are rejected, by using 
deflecting electrodes, before they reach the substrate. These unselected droplets are 
recovered for the ink reservoir. This method is especially apt for rapidly patterning 
large areas. In the drop-on-demand delivery systems, droplets of ink are normally 
generated by a piezo-actuator when deposition is required, which makes deposition 
more appropriate for smaller areas and highly precise patterns. 
Up to now, ink-jet printing techniques have been employed for the preliminary design 
of prototypes of structural ceramics of Al2O3,18 ZrO2,19,20 Si3N4,21 and SiSiC22-24 
composites, as well as approaches for functional ceramics like TiO2.25 However, the 
biggest efforts for ink-jet printing devices have been focused on the development of 
bioceramic structures of hydroxyapatite26-28 and tricalcium phosphate.29,30  
 
2.1.2.- The one-dimensional-order techniques 
Among the one-dimensional-order additive-manufacturing techniques, there are two 
main types of approaches facing the construction of 3D structures: laser-based 
techniques and filament-based manufacturing. 
2.1.2.1.- Selective Laser Sintering (SLS) 
SLS,31,32 developed at the University of Texas in Austin by Carl Deckard, uses a high 
power laser beam as the source to the in-situ sintering, in a layer-by-layer fashion, of 
3D complex ceramic bodies. In this technique, thin layers of powders are extended 
over a platform (Fig. 2.3) and, after spreading each of them, the horizontal cross-
sections of the 3D structure generated in the CAD file are reproduced by selective 
sintering of powders. Once each layer is sintered, the platform goes down the 
distance corresponding to the layer thickness, and a new layer of powders is added 




structure is, thus, sintered and bonded to the previous. The powders bed surrounding 
the sintered body enables the construction of floating parts as it totally supports the 
structures. SLS is very similar to the indirect ink-jet printing as for the role played by 
the powders-bed, although SLS allows higher levels of accuracy. 
To achieve highly dense bodies owing to an effective sintering, pulsed lasers 
(normally obtained by mode-locking) are commonly employed due to the highly 
energetic output. The powders platform is normally maintained at elevated 
temperatures so that the laser energy is efficiently employed to induce the sintering 
rather than heating the material. In this way, the gap between operation temperature 
and sintering temperature is conveniently reduced by amounts that depend on the 
nature of the ceramic material to be sintered.  
 
Figure 2.3.- Schematic illustration of SLS  
(www.rapidprototypingservicescanada.com). 
The SLS technique has successfully been applied for a certain number of ceramic 
materials, particularly in the case of technical ceramics where Al2O3,33,34 ceramics in 
the Al2O3-SiO2 system35 or ZrO233,36 are the most noteworthy. This technique is also 








2.1.2.2.- Filament-based manufacturing 
Based on the continuous extrusion of a filament through a nozzle, a group of 
techniques can be classified under the general term of filament-based manufacturing, 
among others, fused deposition of ceramics (FDC), robocasting (RC), and 
thermoplastic 3D printing. The main difference between robocasting and other 
filament-based manufacturing methods is related to the type of ink design: whereas 
aqueous colloidal gels are employed in RC systems at room temperature, other 
techniques require thermoplastic polymers to operate the extrusion process at 
elevated temperatures. 
 Fused deposition of ceramics (FDC) 
FDC is a modification of the fused deposition modeling (FDM) for polymers40,42, 
created by Scott Crump43 at StatrasysTM. A thermoplastic feedstock, highly loaded 
with ceramic powders, is set at the top of a hot liquefier to extrude the molten 
material, at a constant rate upon heating. At the same time, a CAD design guides the 
movements of the computer-controlled ink delivery system. The nozzle is equipped 
with heaters to maintain the feedstock at a temperature above the melting point of the 
thermoplastic material to keep the mixture flowing effortlessly (Fig 2.4). Then, the 
extruded material hardens right after being deposited. The solidification of the as-
printed structures should take place as a rapid process, which requires a precise 
control over the viscosity of the molten thermoplastic ink, the melting temperature, 
and any other geometrical parameter (e.g. the printing speed) involved in the 
swiftness of cooling. 
 
Although FDC has been proved capable to produce morphologically complex green 
ceramic bodies, there is an important drawback to tackle when employing this 
system. The printed structures contain large amounts of binders and polymeric 
elements that must be eliminated before sintering, which is complicated due to their 
thermoplastic nature. Burning out these organics might, therefore, originate 
deformation or blistering phenomena as polymers melt, several days being usually 
indispensable for a complete binders removal. By using the FDC technique, 
components made of Al2O3,41 Si3N4,42,44 lead zirconate titanate (Pb[ZrxTi1-x]O3 with 





Figure 2.4.- Schematic illustration of the FDC system. 
 
 Robocasting (RC) 
The most widely known filament-based manufacturing system for ceramics is the 
Robocasting technique (developed at the Sandia National Laboratories), which has 
been utilized for the research activities within the development of this PhD Thesis. In 
RC,47-49 3D ceramic architectures are fabricated from a design generated in a CAD 
program (RoboCAD 4.0, 3-D Inks LLC), where the 3D object is decomposed into 
horizontal planes or layers, parallel to each other, to eventually accomplish the 
construction of the structure in a layer-by-layer fashion by printing a ceramic-based, 
aqueous colloidal gel onto a substrate, with each subsequent layer built onto the 
preceding ones. In Fig. 2.5, the RC system used for this PhD Thesis is shown, 
together with a simple illustration.  
The ink delivery process in the case of RC is achieved by extruding a colloidal, 
pseudoplastic ink through a nozzle or tip of variable inner diameter (typically ranging 
100 – 500 μm) that moves according to the patterned trail of the 3D design in the 
CAD program. After being formed, the ink retains the shape of the extruded filaments 
due to its high yield stress, which endows the 3D structures with sufficient strength for 
self-support in the green state. Normally, the printing process of the structures is 
executed within a non-wetting oil-bath to avoid clogging events of the ink while being 
extruded through the tip; the high solids loadings and the small diameter of the tips 
facilitate the quick drying of the extruded filaments. Then, once the structures are 





to completely eliminate water and oil, which might take from days to a few weeks. 
Finally, an organics burnout process prior to the sintering is required to assure the 
cleanness of the ceramic powders compact with the removal of the polymers used as 
organic additives during the ink processing. It is possible to operate in RC with more 
than one ink at the same time by using two coordinated nozzles to create composite 
structures where, for example, different layers are comprised of different materials in 
the same structure.  
 
Figure 2.5.- (a) Robocasting system used in this thesis and located at ICV-CSIC, (b) 
and a simple schematic illustration from Smay et al.50 
Regarding the preparation of the aqueous colloidal gels for RC, the most important 
requirements are to produce pastes with a high solids loading (for a minimal 
shrinkage during drying and sintering) and the lowest possible organic additives 
concentrations (for the reduction of green porosity).50,51 The most habitual approach 
for the formulation of pastes is a two-step process in which the creation of a well-
dispersed colloidal gel is followed by a controlled flocculation stage (Fig. 2.6). A 
polyelectrolyte of opposite charge to the one used as dispersant is employed to 
produce bridging and cross-linking phenomena between ceramic particles, owing to a 
modification in the pH of the suspension. This method involves a sudden decrease in 
the repulsive energy between particles. The resulting ink should possess a shear-
thinning behavior to enable extrusion through fine deposition nozzles with rapid 
recovery of yield stress after deposition. Typically, a viscosifying agent (like 
methylcellulose, MC) can be added into the suspension providing stability to the 
colloidal structure of the gel, and preventing phase segregation phenomena within the 
gel during ink extrusion. Also, for the accomplishment of highly complex designs or 






Figure 2.6.- Typical route for the optimization of inks for RC. 
RC has already been employed for the fabrication of structural ceramic parts. 
Specifically, ceramic materials like Al2O3,53 ZrO2,54 Si3N4,55 or mullite,56 functional 
ceramics such as BaTiO3,57 PZT,58 and bioceramics like hydroxyapatite (HA)59 and 
tricalcium phosphate (TCP)60, or bioglasses61. 
 
 Thermoplastic 3D Printing 
This a new system recently created as a combination of FDC and RC processes, 
looking for an enhanced manufacturing process of ceramic 3D-structures.62 
Thermoplastic binders are used to arrange highly loaded feedstock material ready for 
extrusion upon heating the dispensing nozzle. The delivery of this thermoplastic inks 
is, therefore, carried out in the same way as for RC: the dispensing nozzle is moved 
in the xy plane according to the CAD design in each layer, moving the unit upwards 
the distance of a layer thickness once each plane is finished. Operation temperature 
for extrusion is around 100 ºC, and the suspension solidifies immediately after being 
printed. The viscosity of the hot extruded inks is relatively low, which allows not only 
the formation of the continuous filament, as in RC, but also the production of droplets 
by micro-dispensing technology. By this technique, materials of Al2O3 and ZrO262 and 
steel-zirconia composites63 have been developed. 
 
2.1.3.- The two-dimensional-order techniques 
For the present case, the printing units considered for the material deposition are the 
whole successive plates built one on top of the previous, where an analysis of the 





sections, broadly used as the basis of two-dimensional-order techniques. 
Stereolithography and Laminated Object Manufacturing are the most noteworthy. 
 
2.1.3.1.- Stereolithography (SLA) 
SLA, as a rapid prototyping process, was created in 1988 by 3D systems for the 
implementation of highly detailed and accurate 3D structures of polymers, basing this 
technology on the selective curing of a resin.64 The design approach consists in a 
layer-by layer fabrication in which the contours (or cross-sectioned profiles) of each 
successive layer are shaped by a low-power ultraviolet (UV) laser beam that solidifies 
a liquid photosensitive polymer, bonding it to the underlying layer. After finishing each 
layer, a leveling sweeper is used to smooth the surface of the printed layer prior to the 
construction of the following. Similarly as in the case of 3D printing, the platform -
where the structure is being built (Fig. 2.7)- descends by a distance equal to a single 
layer thickness before printing each subsequent layer on the upper part of the 
previous, until the structure is finished. Next, the structure is removed from the 
polymer bath and the prototype is finally dried. A post-cure is often given to the 
structure in a UV oven. Surfaces can be polished afterwards for a better finish. The 
nature of the resin and the laser spot size determine the width of the cured area, as 
well as the thickness of each layer (usually in the region of 50-100 μm). Ikuta et al.65 
were the first to develop a variation for SLA called microstereolithography (µSLA), 
where the spot of the laser has just a few micrometers diameter and photopolymer 
solidifies in a smaller area as compared to SLA. Resolution for thickness is within the 
range 1-10 μm. This variation is very useful for micromachining66 or photonic band 
gap structures.67 
The most significant parameters of SLA applied to ceramics are the viscosity of the 
suspension, the ceramic particle size and distribution, and the refractive index of 
particles.68,69 A high volume fraction (> 50 vol.%) of ceramic particles in the curable 
resin is required to confer sufficient cohesion to the green part, during and after 
debinding. The main problem associated to SLA considered as an AM technique for 
ceramics is the fact that the addition of ceramic powders into the resin bath causes 
increased scattering of the laser beam (mostly when the size of the ceramic particles 
is comparable to the laser wavelength), which requires optimization in terms of the 
optical properties of the resin and the ceramic particles, and the solids loadings within 
the resin bath. Alternatively, there have been attempts to fabricate ceramic structures 





Figure 2.7.- Illustration of a SLA system (custompartnet.com) 
Up to now, the research on the ceramic field is still limited, Al2O3 being the most 
studied material, both by SLA68,70 and μSLA,69,71,72 although some other ceramics 
have been studied (SiO2,68 ZrO269 or SiCN73). 
 
2.1.3.2.- Laminated Object Manufacturing (LOM) 
Created by Helisys Inc., LOM is based on adhesive-coated sheets containing ceramic 
powders successively put over a built platform, which are cut to shape, one by one, 
with a laser. A schematic diagram is shown in Fig. 2.8. Once the first sheet, which is 
adhered to the platform, is cut, a feed mechanism rolls the following sheet on top, and 
heat and pressure are applied to bond the laminate to the layer below. Then, the laser 
cuts the corresponding contour of the part in that layer. This process is repeated as 
many times as layers are required to build the final structure. Variations of this 
method can be found replacing the laser by a mechanical cutting tool. As in the cases 
for SLA or indirect ink-jet printing methods, the platform is lowered a distance equal to 
the sheet thickness after each layer is cut and before rolling the following over the 
previous. After cutting the material, the undesired parts remain in place to help 
sustain the structure during construction.74 
By employing the LOM technique, achievements in the field of structural ceramics 








Figure 2.8.- Illustration of a LOM system (costumpartnet.com) 
 
2.1.4.- State-of-the-art of AM of SiC ceramics 
To date, very few works have been done on SiC-based ceramics produced by AM 
techniques, in spite of the high interest that might be generated for structural 
applications that demand these highly resistant, morphologically complex ceramics. 
Actually, the focus has been pointed on SiSiC processes (Section 1.1.2) due to its 
ability to be processed in near net complex shapes and the lower temperatures 
required for sintering compared to conventional methods. In fact, 3D SiC-based 
structures has been only developed by SLS77 as the appropriate focalization of the 
laser beam leads to extreme local heating that induces some surface oxidation of the 
SiC powders and improves sintering by liquid phase mechanisms. Generally, the 
process for the fabrication of 3D SiSiC structures by AM methods consists in forming 
the 3D green structures from a mixture of SiC or SiC precursors, the carbon source 
and the polymeric surfactants. Then, these green structures are pyrolyzed when 





Only two studies, developed by Travitzky’s group,23,24 have been found in the 
literature devoted to the fabrication of complex 3D-SiSiC materials by using the 
droplet-based AM techniques, particularly by indirect ink-jet printing. In the first work, 
SiC powders and dextrin, (C6H10O5)n, were employed for the creation of the 3D 
powders-beds, while an aqueous glycerin solution was used as binder23 for the 3D 
printing process. A pyrolysis process in N2 at 1000 ºC was needed to decompose 
dextrin and rearrange amorphous carbon. Fig. 2.9 shows one of the SiSiC specimens 
fabricated by this procedure. The potential application for these materials in high-
pressure diesel injection reactors was proved with an enhanced redistribution of 
diesel. In the second work,24 SiSiC lattice strut structures were also assembled by 
indirect ink-jet printing, using a preceramic polymer infiltration and associated 
pyrolysis steps prior to the pressureless liquid Si infiltration.  
 
 
Figure 2.9.- SiSiC component fabricated by 3D printing.23 
 
Besides this, two studies report the fabrication of SiSiC structures by using SLS 
manufacturing techniques.77,78 Friedel et al.78 employed a selective laser curing of 
preceramic polymeric powders (polymethylsilsesquioxan, also known as PMS) which, 
owing to its reactive groups, yield a ceramic part by local pyrolysis; in this case, the 
powders-bed must be kept necessarily at room-temperature to avoid uncontrolled 
melting during curing. Samples underwent a pyrolysis stage at 1100 ºC before being 
infiltrated by the liquid silicon (Fig. 2.10). Löschau et al.77 also attained SiC-based 
structures with elevated densities by direct SLS of SiC powders.  
SLA has also been utilized for the production of SiC specimens combined with a 
reaction-infiltration step,79 by using a photo-curable resin with high carbon yield. The 
resin prototypes were pyrolyzed to eventually form a carbon preform, which was 






Figure 2.10.-  3D- SiSiC turbine wheel developed by SLS at the different stages: (a) 
laser-cured, (b) pyrolysed, and (c) infiltrated with silicon.78 
LOM has also been employed for the production of 3D SiSiC composites80 in a similar 
way as for the previous examples by creating laminate from a cellulosic paper loaded 
with ~77 wt.% of SiC particles, which was cut with a CO2 laser before pyrolyzation 
and liquid silicon infiltration (Fig. 2.11). These materials showed strongly anisotropic 
mechanical properties with higher fracture toughness for cracks propagating in the 
direction perpendicular to the laminate plane (3.8 MPa·m1/2) than in the in the 
horizontal plane (1.3 MPa·m1/2). SiC-based tapes composed of SiC powders, carbon 
black graphite powders and 15-20 wt.% binders, with ~250 μm thickness have been 
developed as sheets for the LOM process.81 In that work, flaws associated to Si in 
excess at the laminate interfaces were observed and removed by improving wetting 
at the interface and applying a post-pressing cycle (Fig. 2.12).  
 
Figure 2.11.- Geometrically complex, 18-layered SiSiC gearwheel at different stages 
of a LOM process.80 
 
All of the above methods have been plausible approaches toward the formation of 
new 3D complex morphologies based on SiC with structural applications. However, 
there is a lack in the filament-based approaches for SiC (RC, FDC, Thermoplastic 3D 
Printing), where more complex cellular architectures are attainable. Also, the reaction-
bonding involves relatively high contents of remaining Si that reduces the mechanical 
properties above 1400 ºC when compared to conventional sintered SiC Furthermore, 
as SiC ceramics require demanding conditions for high densifications (T ~ 1900 ºC, 




a starting material in AM routes. All of these shortcomings that affect the production of 
pure 3D complex SiC structures have been addressed within the scope of this PhD 
Thesis. The design of aqueous SiC-based pastes for the production of green 
architectures of SiC by RC, to subsequently undergo a pressureless sintering 
process, is in summary the chosen route to accomplish the formation of these new 
ceramic materials. 
 
Figure 2.12.-SiSiC part fabricated with LOM using (a) thermal lamination and (b) 
solvent lamination and a post-press cycle.81 
 
2.2.- Materials processing. Development of SiC-based ceramic inks for 
Robocasting 
2.2.1.- SiC inks 
Three different powder compositions have been developed for the fabrication of SiC-
based-ceramic inks, designated as β7, β20 and N20 (Table 2.2). In each composition, 
the “β” and “N” symbols stand for β-SiC (median particle size, d50 = 0.50 µm) and 
nano-β-SiC (d50 = 0.05 µm) starting powders, respectively, whereas “7” and “20” 
correspond to the sintering additives (Al2O3 and Y2O3) content (in wt.%). The objective 
for designing different additive contents with different starting SiC powders is to study 
their effects on the final microstructure of the robocast SiC materials once sintered, 
and on mechanical properties such as hardness or elastic modulus. From the 
powders processing point of view, there is an extra difficulty as compared to more 
simple systems when formulating these inks, since three distinct ceramic powder 
species are present in the suspension: SiC, Al2O3 and Y2O3. Unless otherwise stated, 






As it was previously mentioned in the Subsection 2.1.2.2, the preparation of 3D-
structures by the RC technique requires the initial dispersion of the ceramic powder 
composition in an aqueous polymer solution. When ceramic powder particles are 
immersed in a polar liquid, particularly in water, there is a net charge density on the 
surface in contact with the liquid. This charge density creates an electric field in the 
suspension that pulls oppositely charged ions (counterions) together and repels like-
charged ions. This shielding layer is commonly referred to as the double layer and, 
therefore, a slipping plane can be defined as the surface that separates the bulk free 
fluid from that attached to the particle surface, being  the zeta potential defined as 
the potential difference between the bulk dispersion medium and the slipping plane of 
the dispersed particles. Zeta potential is considered as a natural parameter of 
ceramic suspensions that basically depends on the nature of the surface of powdered 
material and the pH of the suspension.82  
Table 2.2.- Powder mixture compositions and printable ink formulations for the 
different SiC-based robocast scaffolds. 
Material β20 N20 β7 
Powder 
composition 
β-SiC (wt.%) 80.0 80.0 93.0 
Al2O3 (wt.%) 8.6 8.6 2.0 
Y2O3 (wt.%) 11.4 11.4 5.0 
Specific Surface (m2·g-1) 14.8 ± 0.1 26.2 ± 0.2 16.1 ± 0.1 
Ink 
composition 
Solids Loading (wt.%) 72.5 61.2 71.4 
Solids Loading (vol.%) 43.8 31.8 42.5 
H-PEI, 100% organics 
(wt.%) 
2 3.7 2.6 
L-PEI, 55% organics 
(wt.%) 
2.1 3.6 2.8 
APA, 40% organics 
(wt.%) 
0.5 0.4 0.3 
MC, 5% organics (wt.%) 3.6 6.1 4.8 
Total additives (wt.%) 
with/without water 
8.2/3.6 13.8/6.1 10.5/4.5 
 
In Fig 2.13,  measurements carried out in deionized water (DIW) as a function of the 
pH were represented for the three powders. It can be seen that the isoelectric point 




no net electric charge), is ~4.5, being negatively charged at the starting pH (~7). The 
Al2O3 and Y2O3 suspensions present very high pHiep values 8.1 and 9.5, respectively, 
being positively charged at pH (~7) (Fig. 2.13). According to these results, an 
adequate working pH range for the three oxide components is not deduced from the 
Fig. 2.13 and the use of dispersants is then mandatory. 
 
Figure 2.13.- Zeta potential () plotted as a function of pH values for (SiC, Al2O3 and 
Y2O3 powders dispersed in water. All the tested slurries have the same volume 
fraction of particles (1%). 
 
PEI is a polymer with repeating units composed of the amine group and a two-carbon 
aliphatic CH2CH2 spacer. Linear polyethyleneimines contain all secondary amines, in 
contrast to branched PEIs which contain primary, secondary and tertiary amino 
groups. They behave like moderately charged cationic polyelectrolytes, which then 
may act as dispersant adsorbing layers. In this PhD Thesis a mixture of two branched 
PEIs was employed as dispersant: one of low molecular weight (Mw = 2000 g·mol-1, L-
PEI, Aldrich Chemical Co. Milwaukee) and the other one of high molecular weight 
(Mw= 25000 g·mol-1, H-PEI, Aldrich Chemical Co. Milwaukee), in a 1:2 proportion (in 
vol.), as shown in Table 2.2 considering that the as-used L-PEI solution was diluted in 
water (55 wt.% L-PEI, 45 wt.% water). The structure of these PEI molecules is shown 
in Fig. 2.14. The reason to employ both H-PEI and L-PEI is that the longer branches 
of H-PEI help to maintain larger electrosteric forces between particles, allowing higher 
solids volume contents, whereas the use of L-PEI is required for achieving 





development of 3D-structures due to a lack in the required pseudoplasticity of the ink, 
therefore, attainable by the combined action of H-PEI and L-PEI. 
 
 
Figure 2.14.- Schematic illustration of the branched polyethileneimine monomer, 
similar for the used L-PEI and H-PEI. 
Aqueous suspensions consisting of ceramic powders and PEI in the above-
mentioned proportion of 1:2 for the L- and H-PEI, respectively, were characterized for 
 as a function of pH (Fig. 2.15). Interestingly, the addition of PEI to DIW raises the 
starting pH of the aqueous suspension from 7 to 12.5. In this way, when SiC is added 
to the aqueous PEI solution, the particle surface is coated with PEI resulting in the  
behavior illustrated in Fig. 2.15; namely, a shift of the pHiep to 11.7 is observed. 
Similar behaviors were observed for Al2O3 and Y2O3 powders where the pHiep are 
11.4 and 11.2, respectively. The similarity in zeta potential behavior of the PEI coated 
particles demonstrates that the surface is dominated by the adsorbed polyelectrolyte 
after the PEI is added, allowing a stable dispersion of the combined three powders 
which is the first step for developing printable inks (Fig. 2.6). 
For the preparation of the printable inks, the ceramic powders (SiC, Al2O3 and Y2O3) 
were previously mixed using an attrition miller (as described in A.2.2) and gradually 
added to the PEI aqueous suspension to avoid the formation of agglomerates that 
might produce clogging during ink extrusion through the tips. The ink was then also 
gradually homogenized in a planetary centrifugal mixer at a speed of ~ 1800 rpm for 
60 s. The required amount of PEI is expected to be related to the total surface area of 
the ceramic powders in the suspension, which can be calculated from the solids 
content and the specific surface area of the ceramic powders (collected in Table 2.2). 
In this way, as shown in Fig. 2.16, the amount of additives required for the colloidal 
processing increases with the specific surface area, establishing the proportions of  
~2 mg·m-2 of H-PEI plus ~1 mg·m-2 of L-PEI (2 mg·m-2 of the commercial diluted 






Figure 2.15.- Zeta potential () plotted as a function of pH values for SiC, Al2O3 and 
Y2O3 powders dispersed in a PEI-water solution. All the tested slurries have the same 
volume fraction of particles (1%). The amount of PEI used to disperse the particles 
was set in the proportion of 1:2 for the L- and H-PEI. 
The next step of the ink preparation is the formation of a weak gel (Fig. 2.6), which 
was obtained adding a viscosifier, methylcellulose in this case (MC, Methocel F4M, 
Mw=3500 g·mol-1, 10 wt.%; Dow Chemical Company, Midland, MI). MC has been 
proved to minimize the formation of inhomogeneous agglomerates during ink 
extrusion, which are caused by the rupture of the colloidal ink structure due to the 
development of high pressures within the syringe reservoir. As seen in Fig. 2.16, the 
amount of MC was also proportional to the surface area of the ceramic composition in 
the suspension (~3.6, 4.8 and 6.1 wt.% for  β20, β7 and N20), respectively, which 
represents 0.2 mg·m-2 of pure MC for all of the inks). 
Finally, controlled flocculation was triggered by adding a counter polyelectrolyte 
(ammonium polyacrylate, APA, Darvan-821; R. T. Vanderbilt Company) to create a 
strong colloidal gel with high solids loadings showing pseudoplastic behavior with 
yield stress. The amount of the APA for achieving controlled flocculation of the ink did 
not depend strongly on the surface area, being in the 0.3-0.5 wt.% range. Larger 
amounts of APA destroyed the colloidal structure of the inks due to a total collapse of 
electrosteric forces. As seen in Fig. 2.17 for the case of the β20 ink, the addition of 
APA resulted in higher shear modulus and viscosity; the rheological behavior of the 
weak and strong gels, before and after flocculation, is highly shear thinning both 
exhibiting similar viscosity drops on the log-log plot of apparent viscosity (ηapp) 





viscosity values enables low pressure extrusion in the working shear rate region of    
= 30-70 s-1. 
 
 
Figure 2.16.- Schematic plot of organic additives and solids contents used for the 
processing  of SiC-based inks as a function of the specific surface area. 
 
Fig. 2.17(b) shows that the shear elastic modulus of the ink (G′) exhibits a linear 
viscoelastic plateau quantified by the equilibrium modulus (G′eq) followed by a rapid 
decline in G′ above a critical shear stress magnitude recognized to be the yield stress 
(y). For the weak ink, G’eq ~9 x 104 Pa and y ~300 Pa, increasing to ~ 1.5 x 105 Pa 
and ~350 Pa, respectively, for the strong ink. The strong gel was found to be strong 
enough to easily retain the shape of extruded filaments and the overall geometry of 
the deposited lattice structures. 
As seen in Fig. 2.18, the ηapp versus   curves of the three formulated SiC inks (β7, 
β20, N20) obtained using cone-plate configuration are quite similar to that for the β20 
composition using the serrated cup and bob measuring system. The rheology is 





Figure 2.17.- (a) Apparent viscosity (ηapp) versus shear rate (  ) for concentrated β20 
ternary inks before (circles) and after (squares) the addition of APA. (b) The 
corresponding plots of their shear elastic modulus (G’) versus shear stress (). 
Discontinuous lines mark equilibrium moduli (G’eq) and yield stress (y). 
Regarding the maximum solids volume fraction achievable in the pastes (Table 2.2), 
while keeping the desired rheological behavior, an evident relation with the grain size 
of the starting powders is drawn: whereas it is similar (~0.44) for the β7 and β20 
compositions, it is drastically reduced (~0.32) in the case of the N20. Therefore, the 
green densities of the N20 scaffolds are expected to be reduced by ~25 - 30%, which 







Figure 2.18.- Log-log plot of apparent viscosity (ηapp) versus shear rate (  ) for the 
three SiC inks formulated according to Table 2.2, measured with the cone-plate 
system (shown values of the β20 ink measured with concentric cylinders for 
comparison). 
 
2.2.2.- Graphene-ceramic inks 
By following the same processing route as for the purely ceramic compositions based 
on the dispersion of the powder particles with PEI, graphene/SiC compositions, with 
5, 10 and 20 vol.% of GNPs were prepared, as shown in Table 2.3. 
The β7 ceramic composition was used in this case to eventually form the ceramic 
matrix, and commercially available GNPs (A.2.1) were used as the graphene source. 
For the preparation of compositions with GNPs (described in detail in the A.2.2), the 
platelets were sonicated in isopropyl alcohol in an ultrasonic bath to ensure the good 
dispersion and the disaggregation of agglomerates. Simultaneously, a slurry of the β7 
composition was prepared in alcohol using an attrition miller. The ceramic slurry and 
GNPs suspension were then mixed and sonicated to obtain a homogeneous blend of 
the all the components, which was followed by the evaporation of the solvent. 
Apparent viscosity data for the highly concentrated, flocculated GNPs-SiC pastes with 
GNPs are shown in Fig. 2.19. The rheology of the formulated GNPs-SiC pastes is 
highly shear thinning, with similar slopes in the ηapp vs. ߛሶ  log-log plots for the studied 
range of shear rates. As it occurred for the GNPs-free SiC suspensions (Fig. 2.18), 




at low shear rates were attained. An increase in the slope of the log (ηapp) – log (ߛሶ) 
curves is detected in all compositions at a certain value of ߛሶ  (ߛcሶ ) that is slightly 
affected by the GNPs addition. Both the transition interval and ߛcሶ 	increase with the 
amount of GNPs (ߛcሶ  varies from 3 s-1 for the GNPs-free ink to 20 s-1 for the ink with 
20% of GNPs), probably because at high shear rates some charge concentration is 
induced at the platelet edges that favors face-to-edge interactions between platelets 
and contribute to disorder, as in the well-known case of kaolin.83 












β-SiC (wt.%) 93 89.83 86.55 79.65 
Al2O3 (wt.%) 2 1.93 1.86 1.71 
Y2O3 (wt.%) 5 4.83 4.65 4.28 
GNPs (wt.%) 0 3.41 6.94 14.36 
Specific surface 
(m2·g-1) 





71.4 71.1 71.1 68.6 
Solids loading 
(vol.%) 
42.5 43.8 44.4 42.1 
H-PEI, 100% 
organics (wt.%) 
2.6 2.8 2.4 3.5 
L-PEI, 55% 
organics (wt.%) 
2.8 3.1 3.0 3.5 
APA, 40% 
organics (wt.%) 
0.3 0.2 0.2 0.3 
MC, 5% 
organics (wt.%) 












Figure 2.19.- Apparent viscosity (ηapp) data as a function of the shear rate (ߛሶ ) for 
concentrated GNPs-SiC pastes with 0, 5, 10 and 20 vol.% GNPs in the powder 
compositions, using a cone-plate system. Pre-shearing and equilibration times were 
applied before the measurement of each series. Points represent experimental data 
linked by solid lines as a guide to the eye. 
 
2.3.- Robocasting of computer designed architectures from SiC and GNPs-SiC  
inks 
2.3.1.- Fabrication of robocast structures 
The main goal of using RC, regarding the possible complex structures that are 
enabled for fabrication by this technique, is the potential to obtain scaffolds or cellular 
materials with controlled porosity channels, pore size and morphology. Accordingly, 
cylindrical and cuboid periodic lattices have been designed with custom software 
(RoboCAD 4.0) and printed with a custom three-axis Robocasting (A3200) system at 






Figure 2.20.- Cuboid periodic lattice designed by RoboCAD 4.0.  
 
Square and rectangular lattices were designed by creating a linear array of parallel 
filaments in the x-y plane such that they are orthogonal in adjacent layers (Fig. 2.21). 
Cylindrical lattices were designed in two ways: either by creating concentric circles in 
one x-y layer, while radial rods are patterned in the adjacent layers (so that graded 
radial porosity is obtained) or, similarly as for the square lattices, cylinders with layers 
of perpendicular filaments. In the layer-by-layer construction, either in the case of 
cuboid scaffolds or for cylindrical structures, special care is taken when designing so 
that each layer commences to be printed right up the point where the previous layer 
was finished, to obtain a continuous process of extrusion as shown in Fig. 2.20. 
Finally, in order to assure a good contact between the green filaments in adjacent 
layers, a certain penetration of the filaments of each layer was forced into those of the 
underlying stratum in such a way that the distance between layers in the z-direction is 
lower than the rod diameter, Ø. Particularly, the selected distance between layers 
was 0.25π Ø. 
The colloidal gels are first loaded into a syringe (barrel diameter=9.5 mm, 
volume=3cc; EFD Inc., East Providence, RI) and placed into the syringe holder of the 
robocaster. The ink is extruded in the working shear rate region of 30 to 70 s-1 
through nozzles84 (Precision Tips; EFD Inc.) with different diameters, ranging 
150―610 µm, onto an alumina substrate, typically using a low-viscosity paraffin oil 
bath to avoid drying of samples during printing and associated clogging phenomena. 







Figure 2.21.- Schematic CAD designs of the lattices with 1, 2, and N layers in cuboid 




Figure 2.22.- a) Commercial precision tips of different inner diameters (included in the 
figure) used as nozzles for the extrusion process. b) and c) images corresponding to 
the printing process. 
 
The extrusion speed of ink was controlled by an automatic feed system at a constant 
volumetric flow rate of 0.25πD2υ, where D is the inner diameter of nozzles and υ is 




example, for a nozzle with an inner diameter of 330 μm, volumetric flow rate is 
estimated in 8.6x10-16 m3·s-1. 
Square, rectangular and cylindrical lattices are robocast with dimensions ranging from 
8-20 mm in length for the x and y sides, whereas the height is typically of 5-10 mm 
with 20-30 layers (Fig. 2.23). After printing, the scaffolds are removed from the oil 
bath and dried at room temperature. 
 
Figure 2.23.- Optical micrographs of (a) a green 10 vol.% GNPs/SiC structure, (b) 
structures corresponding to the β7 (cylindrical) and N20 (rectangular) SiC-based 
compositions, and (c) top and side views of a green cylindrical lattice of the β20 
composition. 
Neither bending nor cracking were detected after printing the inks and forming the 3D 
structures (Fig. 2.23) and, therefore, the structures were sufficiently strong to retain 
the shape of the extruded filaments and the overall geometry once deposited, even 
for the N20 powders composition of significantly lower solids contents. 
As for the pore geometry, different shapes have been designed with square, triangle, 
rhombus or rectangle-like morphologies (Fig. 2.24 illustrates these different pore 





allowing the structures to maintain their shape during the deposition and drying 
processes. Diameters ~12–15 % lower than that of the extrusion nozzle were 
measured for the green rods; this shrinkage is associated with drying. Further 
shrinkage occurs during sintering, which will the subject of analysis in the next 
Chapter; in this process the shrinkage is strongly dependent on the green density and 
the ceramic composition. 
 
 
Figure 2.24.- SEM images of sintered structures of the β7 composition extruded 






2.3.2.- Polymers burn-out process 
Once the structures have been deposited by RC, a last step in the manufacturing 
process must be accomplished before sintering. The SiC-based pastes contain 
organic additives (PEI, APA and MC) that should be removed before sintering, as 
they represent an undesired source of carbon that would eventually obstruct the 
sintering process and affect the final properties of the scaffolds. 
A thermogravimetric-differential thermal analysis (TGA-DTA) was carried out in an air 
atmosphere, from room temperature to 1000 ºC, to determine the decomposition 
temperature of the different organic additives used to prepare the SiC-based scaffolds 
and the associated total weight loss; in Fig. 2.25, TGA-DTA results for a dried green 
β7 scaffold are shown as a case example.  
 
Figure 2.25.- (a) TGA-DTA analysis carried out on a dried green β7 scaffold between 
room temperature and 1000ºC at 3 ºC·min-1. 
Different peaks are observed which can be associated to the removal of the organics 
employed to fabricate the inks. Below 100 ºC, the endothermic peak observed is 
linked to removal of the physically absorbed water in the green structures, followed by 
an exothermic peak at 140 ºC associated to the residual paraffin-oil burn out process. 
Both processes represent a weight loss of ~1.2 %. Between 180 and 590 ºC, several 
exothermic and endothermic peaks are observed, being related to the crystallization, 
melting, oxidation and decomposition of the organic additives which occur above 
~140, 220 and 250 ºC for APA, MC and PEI, respectively, amounting a total weight 
loss of 5.3%. This value fits well with the total amount of additives used (Table 2.2). 





between 600 and 730 ºC that may be linked to the reaction of impurities (specifically, 
free carbon) always present in the β-SiC raw powders with oxygen. Above 730 ºC, 
oxidation of SiC starts and the corresponding weight gain and exothermic peak were 
observed. According to these results, the conditions for the burn-out process were 
established as 600 ºC for 2 h, using a heating rate of 3 ºC·min-1.  
In the case of the green structures containing GNPs, the samples must be heat-
treated at temperatures lower than 500 ºC to avoid GNPs removal as deduced from 
the DTA-TGA analysis for the pristine GNPs (Fig. 2.26). A heat treatment at 415 ºC in 
air for 2 h was chosen as a good balance between maximum organics removal and 
minimum GNPs degradation. A TGA done after this treatment for the GNPs-free     
β7-SiC scaffold (Fig. 2.27) demonstrates that remaining organics are accountable for 
a weight loss of ~0.7 wt.% up to 600 ºC which, compared to the total loss of 5.3 wt.% 
for the untreated β7-SiC sample (Fig. 2.25), implies that a majority of organics was 
eliminated. In the calcined scaffold, 0.2% of weight loss associated to the free carbon 
was also observed above 600 ºC. 
 
Figure 2.26.- TGA of the pristine GNPs measured at a heating rate of 3 ºC·min-1.  
A similar analysis could not be performed for the GNPs-containing scaffolds (shown 
in Fig. 2.27, the case of 20 vol.% GNPs-containing scaffold is shown as an example) 
because of the weight gain associated to the quick oxidation of the SiC particles, 
which counterbalances the weight loss. It is important to notice the higher rate of 
oxidation of SiC in the scaffold containing GNPs compared to the free-GNPs β7-SiC 
sacffold. This enhanced kinetics of oxidation can be attributed to both a locally 
increased temperature due to GNPs combustion and the associated reducing 




oxygen, which changes oxidation mechanisms of SiC from passive to active, i.e. the 
surface silica layer is continuously removed.85 
 
 
Figure 2.27.- TGA of SiC and GNP-SiC green scaffolds, both for the β7 composition, 
before and after polymers burn-out processes at 415 ºC; all curves were measured at 
a heating rate of 3 ºC·min-1. 
 
2.4.- Conclusions 
i) SiC- and GNPs/SiC-based colloidal inks suitable for complex 3D deposition by RC, 
with high solids loadings of up to 44 wt.% and pseudoplastic rheology, have 
successfully been produced. 
ii) The solids volume fraction highly depends on the SiC grain size, decreasing for 
nanosized SiC powders 
iii) The addition of GNPs up to 20 vol.% does not significantly limit the achieved solids 
volume fraction.  
iv) A direct relationship between the amount of organic additives and the specific 






v) 3D square, rectangular and cylindrical lattices with different pore morphologies 
have been printed by RC. The shape of the extruded filaments and the overall 
geometry of the deposited lattice structures is retained in all cases, even when using 
nanometric SiC powders.  
vi) A heat treatment of 600 ºC in air for 2 h is proved effective for the organics 
removal in the green ceramic bodies without oxidizing SiC powders, whereas a 
treatment at 415 ºC in air for 2 h allows maximum organics burn-out with minimum 
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The achievement of fully dense SiC-based ceramics as structural materials is always 
a challenge considering the elevated sintering temperatures and times required for 
densification. Regarding these shortcomings, the sintering conditions for SiC 
ceramics have been widely analyzed for conventional sintering processes such as 
pressureless sintering or hot pressing. However, the analysis devoted to the 
comprehension of the sintering of SiC ceramics by the use of more modern sintering 
techniques is still being put forward. In particular, SPS stands out as one of the most 
modern sintering techniques and requires deep research to elucidate the densification 
mechanisms for SiC. In Chapter 1, a concise review on the works published related to 
the SPS process and, in particular, the SPS applied to SiC ceramics was done. 
Moreover, the advent of graphene has promoted the use of GNPs as fillers for 
ceramics. Nonetheless, the extreme conditions required for the sintering of SiC set 
hurdles in the possibility of using these fillers in the case of SiC matrices. Thus, a 
study on the preservation of the structural integrity of graphene within SiC is also 
necessary for the appropriate development of composites by SPS. 
Finally, the application of pressure during sintering has been a common method to 
assist either conventional or more modern sintering processes, as SPS, but it must be 
avoided when a green cellular structure is intended for densification –as in the case of 
robocast ceramic scaffolds. Distinctively, a novel punch/die device within the SPS 
furnaces to accomplish this purpose is required. 
Considering these precedents, the scope of this PhD Thesis regarding the SPS 
process of SiC was to obtain dense bulk SiC materials resulting from different starting 
powders of SiC, which show different grain sizes and crystalline phases, and 
simultaneously improving the efficiency of the SPS process by modifying the electric 
current paths of the SPS during the sintering process. Also, the densification of SiC-
based ceramic composites with GNPs contents of up to 20 vol.% and, finally, the 
sintering by SPS of cellular 3D-structures based on analogous compositions to the 





3.1.- Bulk SiC-based ceramics by SPS 
 3.1.1.- In-situ growth of graphene during the SPS of SiC 
The different powder compositions prepared for this PhD Thesis, as explained in 
A.2.2, have been processed for the achievement, by SPS, of various ceramic 
materials based on SiC. Most particularly, starting powders batches of three different 
types of SiC powders, i.e. α-SiC, β-SiC, and nano-β-SiC, with additive amounts of     
7 wt.%, have been employed. The powder compositions are placed within the set-up 
comprised by the graphite SPS die and punches (see diagram in Fig. 3.1) in the 
middle, according to a standard configuration in such a way that the symmetry of the 
set-up is maintained. Graphite foil pieces were always used to ensure good contact 
for electric current flow and heat transfer between the different components (in 
particular, between the powders compact and the graphite elements), as well as to 
avoid possible reactions; a graphite fiber blanket surrounding the graphite die was 
also employed to prevent energy losses by radiation during sintering. Graphite die 
and punches with standard inner diameters of 20 mm were chosen. Next, the powder 
compacts were pressed under loads of 2 MPa, and the whole set-up with the powders 
inside was symmetrically aligned with the graphite spacers and the electrodes within 
the SPS chamber. Lastly, before the sintering cycles start, a load of 20 MPa was 
applied by the SPS system onto the powders compact. After that, vacuum was 
induced to get ~1 Pa, keeping then a constant value of 4-6 Pa during the SPS test.  
 






Typically, for all the tests involving SiC bulk samples, a load of 50 MPa was linearly 
attained during the first minute of the test and, then, held constant until the cooling 
step starts, decreasing the mechanical pressure down to 20 MPa. For the preliminary 
experiments, temperature was varied within the range from 1650 to 1950 ºC to 
eventually determine the appropriate densification conditions for SiC. The 
temperature was measured with a pyrometer focalized on a small hole drilled in the 
middle of the graphite die whose depth reaches half the thickness of the die wall. The 
heating rates employed were of 133 °C·min-1 up to 1400 ºC, then were progressively 
decreased until the final temperature was reached in each case. Specifically, being Ts 
the set-point sintering temperature, heating rates were reduced to 65 °C·min-1 in the 
temperature range (Ts-250 to Ts-120), 45 °C·min-1 in the temperature range (Ts-120 to 
Ts-30), 25 °C·min-1 in the temperature range (Ts-30 to Ts-5), and 1 °C·min-1 in the last 
5 minutes of the SPS test to finally reach Ts, which determines the end of the 
experiment. Afterwards, electrical current fluxes were stopped to let the cooling down 
process commences. In Fig. 3.2, a case example where a sintering process where a 
maximum temperature of 1800 ºC was attained is depicted for pressure and 
temperature programs. For all the sintering tests, the pulsing relationship was 12:2 
between active/non-active pulses, being 3.3 s the duration of pulses. Parameters of 
electric current/voltage, temperature, vacuum pressure, and displacement along the 
pressing axis were registered as a function of time in every sintering test. In this way, 
specimens consisting of ceramic disks of SiC (20 mm diameter, 3 mm height) have 
been obtained. 
 
Figure 3.2.- Programmed temperature (T) and pressure (P) of the SPS as a function 





The density (ρ) of the SiC specimens, measured by the Archimedes’ method is shown 
in Fig. 3.3 as a function of the sintering temperature. Samples obtained for sintering 
temperatures below 1700 ºC exhibit density values lower than 3.20 g·cm-3, whereas 
for temperatures above 1800 ºC, a limit ρ value of ~3.25 g·cm-3 was reached for α-
SiC and β-SiC materials, which represents a 98.9% of the theoretical density (ρth), 
assuming a value of 3.29 g·cm−3 for SiC ceramics with the given sintering additives. 
However, as it will be explained below, the theoretical density is lower and, hence, the 
specimens SPSed at Ts ≥ 1800 ºC can be considered as fully dense bodies. On the 
other hand, specimens obtained from nano-β-SiC showed much lower maximum 
densities, in particular, a maximum value of 3.17 g·cm-3 that corresponds to 96.6% of 
ρth; this material shows a decrease in density at 1950 ºC that should be related to 
decompositions occurring at high temperatures. Considering these results, 1800 ºC 
was established as the standard temperature for the achievement of highly dense 
bulk SiC ceramics.  
 
Figure 3.3.- Density (ρ) values of bulk β-SiC ceramics as a function of the sintering 
temperature. 
 
X-ray diffraction (XRD) analyses were developed in SiC specimens for an 
investigation of the crystalline phases of the sintered ceramics, with especial attention 
to those sintered at 1800 ºC as it is considered the lowest temperature for full 
densification. According to the XRD patterns shown in Fig. 3.4, it can be firstly stated 
that almost no β→α-SiC transformation occurs in the present materials, as it is usually 
reported to be induced by temperatures above 2000 ºC.1-5 As for the nano-β-SiC, only 
the peaks related to the 3C-SiC polytype (β-SiC) are detected. Some small peaks 
related to α-SiC polytypes (4H and 6H) are observed in the case of the β-SiC 





SiC samples show the same polytypes as the starting powders (Fig. A.2.3), being 
comprised by important amounts of the 6H-SiC polytype, together with minor amounts 
of 4H-SiC and 15R-SiC. It is remarkable that the secondary phase in α-SiC and β-SiC 
ceramics crystallized as YAG or YAlO3 (YAP) -it was not possible to discern between 
these two body-centered cubic phases- but remained amorphous in nano-β-SiC. This 
is explained in terms of its higher oxygen content, as compared to α-SiC or β-SiC, 
associated to the passivating layer of SiO2 covering the raw nano-β-SiC powder 
particles. This SiO2 would combine with the Al2O3 and Y2O3 sintering aids modifying 
the composition of the secondary phase at the SiC grain boundaries. The oxygen 
contents were determined by elemental analysis (A.2.6) for the three SiC powders 
(Table 3.1). Results show that the oxygen content increases as the SiC grain size 
decreases, being 1.2, 1.9 and 4.1 wt.% for α-SiC, β-SiC and nano-β-SiC, 
respectively. Therefore, the formation of native SiO2 is obviously related to the 
surface area exposed to oxidation. To calculate the amount and composition of the 
secondary phase, the oxygen was converted to SiO2 (Table 3.1). Based on this, a 
higher content of secondary phase was estimated for nano-β-SiC (14.2 wt.%) as 
compared to α-SiC (9.1 wt.%) and β-SiC (10.2 wt.%), which shifts the secondary 
phase composition towards the difficult-to-crystallize field of the corresponding Al2O3-
Y2O3-SiO2 phase equilibrium diagram (Fig. 3.5).6 Considering the estimated amount 
of secondary phases, theoretical densities for the SiC samples are recalculated as 
shown in Table 3.1 using the following values: 3.22, 3.97 and 5.01 g·cm-3, for SiC, 
Al2O3 and Y2O3, respectively. 
 




Table 3.1.- Oxygen and carbon contents for the different SiC starting powders, 
contents and composition of the secondary phases for the three SiC powders, and 
estimation of the theoretical density (ρth) assuming that the oxygen is forming SiO2. 
 α-SiC β-SiC nano-β-SiC 
Oxygen (wt.%) 1.2 ± 0.1 1.9 ± 0.1 4.1 ± 0.2 
Calculated amount of secondary 
phase (wt.%) 
9.1 10.2 14.2 
Composition of the secondary phase (wt.%) 
Y2O3 54.1 47.8 34.0 
Al2O3 21.6 19.1 13.6 
SiO2 24.3 33.1 52.4 
Estimated ρth for the secondary 
phase (g·cm-3) 
3.67 3.40 2.94 
ρth calculated considering the SiO2 
content (g·cm-3) 
3.26 3.24 3.18 
 
 
Figure 3.5.- Ternary phase diagram of the system SiO2-Al2O3-Y2O3, where the 






The presence of the SiO2 native layer covering the surface of SiC powders is 
important to understand the kinetics of the SPS process for the three different powder 
compositions. In Fig. 3.6a, the time evolution of the shrinkage (dz) of the powder 
compacts during SPS at 1800 ºC has been depicted for the three compositions. The 
dz increases with decreasing grain size of the starting powders probably because of 
the poorer level of compaction obtained during the pre-pressing cycle prior to the 
sintering. More interestingly, the maximum shrinkage rate also occurs at different 
temperatures of the SPS cycle, as it is seen in Fig. 3.6b where the time derivative of 
dz is plotted as a function of time for the three materials. Both α-SiC and β-SiC 
compositions show similar sintering kinetics, with a maximum shrinkage rates at 
~1625 ºC and ~1665 ºC, respectively, attributable to the solution-precipitation stage of 
liquid phase sintering. The shoulder observed at lower temperatures (above 1130 ºC), 
more visible in the case of β-SiC than in that of α-SiC, can be ascribed to particle 
rearrangement occurring as a consequence of the applied load when approaching the 
eutectic temperature of the SiO2-Al2O3-Y2O3 system, reached at ~1380 ºC. This 
temperature is the lowest invariant point of the system (Fig. 3.5). As SPS is an 
extremely dynamic process and the temperature is measured at the graphite die 
surface, the true specimen temperature could be quite different from the measured, 
and local liquid formation can occur at nominally lower temperatures than those 
measured and predicted by the phase equilibrium diagram.  
Conversely, the case of the nano-β-SiC is remarkably different due to the larger 
amount of secondary phase (Table 3.1) and the more reactive nature of nanosized 
powders. Firstly, the more intense peak linked to particle rearrangement is explained 
on account of the more reduced level of compaction of the nanosized powders. 
Secondly, the maximum shrinkage rate corresponding to the solution-precipitation 
process shifts to temperatures of at least 75 ºC lower than those of submicronsized 
SiC powders, owing to the larger amount of liquid phase formed in the nano-β-SiC 
material.  
To complete the investigation of the crystalline phases, micro-Raman spectra and 
maps of the SiC-based ceramics have been acquired on the polished surfaces of the 
cross-sections of representative samples of α-SiC, β-SiC and nano-β-SiC. As a first 
approach, average spectra obtained in such regions of 10 x 10 μm2 have been plotted 
in Fig. 3.7. In these spectra, two facts are particularly of interest. Firstly, α-SiC and β-
SiC specimens develop Raman peaks associated to SiC polytypes appearing in the 




the crystalline lattice, namely the transverse optical mode (TO) at 796 cm−1 and the 
longitudinal optical mode (LO) at ~976 cm-1. 
 
Figure 3.6.- (a) Shrinkage (dz) and (b) shrinkage rate (d(dz)/dt) curves versus sintering 
time of α-SiC, β-SiC and nano-β-SiC, obtained for similar SPS cycles at 1800 ºC. 
 
In Table 3.2, a summary of the main Raman features (TO- and LO-band positions (P), 
full width at half maximum (FWHM) of the TO band, and ILO/ITO ratio) for the three SiC 
ceramics SPSed at 1800 ºC is collected. As shown, the intensity ratio between the LO 
and TO peaks (ILO/ITO) is lower for β-SiC (~0.3) than for α-SiC (~0.4), being the TO 
peaks often blue-shifted up to values of ~801 cm-1 for β-SiC. Samples corresponding 
to the nano-β-SiC composition mainly show a sharp TO peak located at ~804 cm−1, 
the LO-peak being not detected. The LO mode typically disappears in doped-SiC and 
the TO mode is overlapped with a characteristic small shoulder at Raman shifts 
above 800 cm-1. Therefore, in the nano-β-SiC, the absence of the LO vibrational 
mode should be attributed to a high level of doping of the SiC grains7 most likely due 
to the solubility of species such as Al atoms (present in the sintering additives) in the 






Table 3.2.-  TO- and LO-band positions (P), full width at half maximum (FWHM) of the 
TO band, and ILO/ITO ratio for averaged Raman spectra of the different materials 
SPSed at 1800 ºC. 
Sample P (TO) (cm-1) FWHM (TO) (cm-1) P (LO) (cm-1) ILO/ITO
α-SiC 796 13 976 0.4 
β-SiC 801 16 976 0.3 
nano-β-SiC 804 15 - - 
 
Secondly, in the range from 1000 to 3000 cm−1, three bands linked to graphitic 
species8 are clearly observed: i) the D-band (∼1360 cm−1) which arises due to breaks 
in the translational symmetry of the hexagonal lattice, hence its intensity is very 
sensitive to the presence of structural defects in the species; ii) the G-band 
(∼1595 cm−1), related to the C-C tangential vibrational mode of graphene; and iii) the 
2D-band, at a variable position depending on the nature of graphene layers (∼2890-
2720 cm−1), originated from a double resonance process. The noticeable intensity of 
the 2D peaks in the spectra reveals the presence of few-layered graphitic (FLG) 
domains.  
 
Figure 3.7.- Averaged Raman spectra acquired over 10 x 10 μm2 regions on polished 
cross sections of α-SiC, β-SiC and nano-β-SiC samples sintered at 1800 ºC. 60 x 60 
pixels and one spectrum per pixel were recorded, using 20 ms of acquisition time for 
each spectrum. 
 
The Raman maps of the intensity of the G-band (IG) and the intensity ratio of the 2D- 
and G-bands (I2D/IG) for the different SiC specimens, presented in Fig. 3.8, show both 




the existence of FLG given by a high I2D/IG. These Raman maps confirm the uniform 
distribution of graphitic materials within the SiC matrix. The three Raman spectra 
shown in Fig. 3.8 for each SiC specimen are representative examples obtained on 
different areas of the produced composites. Raman spectra at positions 1, 2 and 3 
correspond to areas in which the I2D/IG value is higher than 1.5, ∼1, and <1, 
respectively; spectra also show SiC-related peaks. The center of the G- and 2D-




Figure 3.8.- Raman spectroscopy mappings of the intensity of the D band (IG) and the 
intensity ratio of the 2D- and G-bands (I2D/IG) for the different SiC specimens on 
scanned areas of 10 μm × 10 μm and single spectra collected at the different 
positions (circled areas). Bright areas in IG maps are associated to graphite-like 
structures whereas dark ones correspond to the SiC matrix. The I2D/IG maps of the 
same regions indicate the presence of FLG as bright areas. Adscription of the 
different graphene bands, D, G and 2D, is also shown in one of the spectra; the rest 
of the peaks correspond to the SiC polytypes. The total color/bright scale (0-1.5 and 






Table 3.3.- G- and 2D-band positions (P), full width at half maximum (FWHM), and 














α-SiC 1595 46 2707 74 0.8 0.8 
β-SiC 1592 35 2711 78 0.8 0.6 
Nano-β-SiC 1597 42 2710 78 1.5 1.0 
 
The I2D/IG value for the spectrum at position 1 in the nano-β-SiC sample (i.e. 3.4) is 
significantly higher than the values observed for α-SiC and β-SiC (~ 1.7-1.6). These 
values agree with those generally reported for epitaxial graphene (EG), which are 
within the range of 0.5–2.0,9 being lower than those for micro-mechanically cleft 
graphene (MG). However, this ratio is not considered an indicator for estimating the 
number of layers in EG.9-11 Furthermore, for EG grown on the C-face of SiC (0001ത), 
larger I2D/IG numbers (1.5-2.5) than those of graphene grown on Si-terminated SiC 
(0001) surface have been reported, which has been linked to the decoupling of the 
graphene layers in the former.12 In general, EG is characterized by disordered 
(turbostratic) or non-Bernal stacking when grown on the C-face of SiC (0001ത ), in 
contrast to EG grown on Si-terminated SiC (0001) surface that is mainly Bernal-
stacked.13 However, the emergence of non-Bernal stacking has also been reported on 
Si-faces associated to extremely fast and cooling rates.10 In this way, the higher I2D/IG 
value of the nano-β-SiC composite implies a larger amount of disordered stacking as 
compared to the other two materials. 
Another feature observed in the Raman spectra of Fig. 3.8 is the lack of any obvious 
shoulder in the 2D peak (it is a symmetric signal), with FWHM values of 74-78 cm−1 
for averaged spectra (Table 3.3), and around 35 cm−1 for the FLG single spectrum of 
Fig. 3.8. Again, these data resemble those of EG grown on the C-face of SiC (0001ത) 
with narrow single Lorentzian 2D-bands (FWHM < 40 cm−1) originating from 
rotationally faulted multilayers caused by the decrease in interlayer interactions.11,12 In 
addition, a blue-shift of the G-band position, P(G), (∼1593―1597 cm−1) is observed 
when compared to multilayered graphene and graphite, both exhibiting P(G) at 
∼1587 cm−1, which could be attributed to a compressive strain induced by the SiC 




The graphene content for each SiC material was estimated from the intensity of the 
characteristics graphene peaks (IG and I2D/IG) in the micro-Raman maps using the 
following criteria: (i) area fraction on random cross sections directly correlates to the 
graphene volume fraction, (ii) the brightest areas in the Raman maps correspond to 
topmost surface graphene, and (iii) these areas were quantified as those pixels with 
maximum Raman intensity discarding any signal from graphene located beneath the 
surface. Calculations give volume fractions of ~0.03 from IG and I2D/IG maps for the 
three different materials, although the nano-β-SiC material exhibits a significantly 
higher value of I2D/IG (~ 1.5).  
FESEM observations of plasma etched polished surfaces (Fig. 3.9) do not allow the 
identification of the FLGs as they are degraded by the etching process. As shown, the 
microstructure of the three materials essentially consists of fine SiC grains together 
with a homogeneously-distributed secondary phase. In particular, α-SiC has larger 
grain size (i.e., 1.11 μm with aspect ratio of 1.4) than β-SiC (i.e., 0.54 μm with aspect 
ratio of 1.4) and nano-β-SiC (i.e., 0.44 μm with aspect ratio of 1.7). 
FESEM observation of fracture surfaces allows depicting graphene sheets formed 
during sintering (Fig. 3.10), although it is an inadequate technique to identify 
monolayer graphene. Whatever the case, few- and multi-layer graphene platelets of 
different sizes and thicknesses have been observed. Extensive areas of grown 
graphene were found in α-SiC and β-SiC SPSed at 1800 ºC (Fig. 3.10a,d), not shown 
in the case of nano-β-SiC because of the difficulty to depict flakes of smaller sizes 
owing to the fact that they should scale with the starting SiC grain size. In addition, 
some representative examples of multi-layered graphene flakes are also shown in 
Fig. 3.10. In this context, EG layers attached to an α-SiC grain are clearly 
distinguished (Fig. 3.10c), whereas stacked graphene layers at an initial growth stage 
are observed following a SiC flat terrace pattern (Fig. 3.10f) that resembles those 
reported by other authors for the epitaxial growth of graphene on SiC substrates.10,14 
In the present case, the terraces would be produced by the surface oxide cleaning of 
the SiC particles induced by the low pressure, the high temperatures and the 








Figure 3.9.- FESEM micrographs of polished and plasma etched surfaces of (a) α-
SiC, (b) β-SiC, and (c) nano-β-SiC. Black arrows point to damaged graphene flakes 





Figure 3.10.- FESEM micrographs of the fracture surfaces for dense α-SiC (a, b, c), 
and β-SiC (d, e, f) specimens. Representative images of multi-layered graphene 
flakes are shown bending along grain boundaries (images b,c), protruding from a SiC 
grain (c) and at an embryonic growth stage following a SiC flat terrace pattern (f). 
Small lateral size flakes are observed in the β-SiC material (d). 
 
The presence of FLG in the SiC bulk materials was further confirmed by High 
Resolution Transmission Electron Microscopy (HRTEM, Fig. 3.11). Although Electron 
Energy Loss Spectroscopy (EELS) is very sensitive to the bonding state and chemical 
environment of carbon atoms,15-17 the complexity of the present samples (both in 
composition and crystal orientation) requires finding regions where the FLG sheets 
are partially or completely exposed (P1 position in Fig. 3.11a). This condition is 
necessary to minimize the interference (or overlapping) of the EELS signal, 
corresponding to the sp2 hybridized carbon, with the signal coming from the sp3 
carbon located at the SiC grain core. The carbon K-edge of graphene-like materials is 
associated with transitions from the 1s state to empty π* and σ* anti-bonding orbitals. 
These peaks were unambiguously observed in the EELS spectra from regions in the 
samples, with abundant sp2 hybridized carbon atoms (Fig. 3.11e at P1 position). In 
addition, EELS from SiC grains showed a completely different carbon K-edge       
(Fig. 3.11e at P2 position). However, even in this case, small shoulders 
corresponding to the π* and σ* peaks were observed (vertical blue dashed lines in 
Fig. 3.11e). The presence of these shoulders suggests that the EELS signal, although 
coming from a region with abundant sp3 carbon, also contains a small proportion of 
sp2 carbon that could be originated inside a grain boundary oriented perpendicular to 





Higher magnification images from P1 region (Fig. 3.11b) reveal parallel lines with dark 
contrast that resemble the cross-sections of FLG (2L, 3L and 5L). In fact, the 
measured spacing between these lines ranges between 3.4 and 3.8 Å, which is in 
agreement with the interlayer spacing between graphene layers in graphite.  
 
Figure 3.11.- TEM examination of the α-SiC composite sample, showing several 
regions with different number of graphene layers. Region 1: (a) low magnification 
TEM image of the region of interest. (b) is a higher magnification image of the P1 
region (inside the highlighted rectangular region) which is rich in sp2 carbon, showing 
different cross-section views of few-layers graphene flakes (2L, 3L and 5L); the 
spacing between dark contrast lines is consistent with the spacing between graphene 
sheets. (e) are EELS spectra (after multiple-scattering background removal) of the 
carbon K edge at positions P1 and P2, respectively. Region 2: (c) low magnification 
TEM image of a grain boundary with formation of a graphite island, (d, g) high-
resolution TEM images of the same region, the inset is the FT of the right side SiC 
grain. Region 3: (f) graphitic formation of several tens of nanometers. Region 4: (h 





The region P1 is also carbon-rich as confirmed by the Energy-dispersive X-ray 
Spectroscopy (EDS) spectrum (not shown), indicating that the contributions to the 
EELS signal originated by SiC is very small. Grain boundaries exhibiting different 
number of graphene layers sandwiched in between grains were also found (shown in 
Fig. 3.11d,f–i). Previous reports on epitaxial graphene formed by the sublimation of Si 
from SiC substrates at high temperatures18 have demonstrated that FLG formed on 
(11ത0n) planes (known as terrace step edges) are significantly thicker than those 
formed on (0001) terraces. Apparently, the reduced bonding coordination facilitates 
graphene formation. Although the present experiments take place under different 
conditions, a grain boundary in which a graphene layer is sandwiched between two 
different surfaces that do not have the same crystalline orientation was observed. 
These observations are in agreement with the findings reported by Robinson et al.18 
Indeed, in this case, the smaller number of graphene layers have been observed at 
grain boundaries with at least one of the grains surfaces terminated with (0001) 
terraces (Fig. 3.11h,i). When the grain surfaces display any other crystalline 
orientation (i.e. Fig. 3.11d,f), the graphitic formations contain several tens of graphene 
layers. Because the crystalline orientation seems to govern the number of graphene 
layers formed at the grain interface, the graphene formation is not homogeneous 
along the entire grain boundary (Fig. 3.11c,d). 
This in-situ graphene growth within different bulk SiC ceramics must be mainly 
caused by the SPS process as other densification methods, such as HP, which also 
take place under an enriched carbon atmosphere and even at higher temperatures, 
do not show this effect. The SPS technique uses high pulsed dc currents (∼3000 A) 
and a low voltage (∼4 V). The current passes through the crucible/powder/punches 
system and the sample experiences densification mainly by Joule heating. Therefore, 
the dc current flowing in the SPS system, in conjunction with the residual vacuum, 
must play a key role in the graphene formation within the SiC ceramics. It is important 
to note that highly crystalline graphene sheets with atomically smooth edges can be 
produced via Joule heating in graphitic nanoribbons.19 Therefore, SPS appears to be 
an efficient and unique technique able to produce highly crystalline graphene, and the 
experiment described here is no exception. In this way, during SPS, extreme 
temperatures may locally happen at regions that intercept the percolation path. In 
fact, increased electric strength at the interface of neighboring particles of up to 40 
times the applied field has been modeled for the SPS.20 The low pressure (4 Pa) and 
the high local temperatures at the particle interfaces will favour the formation of highly 





the SiC particles. Sublimation of SiO under the vacuum and high temperature 
conditions,21 presumably leaves a carbonaceous residue and exposes the 
underneath SiC layers for further thermal decomposition. The proposed mechanism is 
illustrated in Fig. 3.12. 
 
 
Figure 3.12.- Schematic illustration of the in-situ graphene growth process. 
 
Raman studies done on nano-β-SiC composites sintered at low SPS temperatures 
show that a highly defective carbonaceous phase forms at 1200 ºC, probably coming 
from decomposition of the SiOC/SiO2 coating, evolving to crystalline graphitic 
nanodomains at temperatures above 1300 ºC (Fig. 3.13). Carbon contamination from 
the graphite tooling was discarded as a source of carbon for the formation of 
graphene; in fact, graphitic nanodomains formed during the SiC thermal 
decomposition were confirmed as the graphene source as the carbon content in 
nano-β-SiC sintered samples is quite similar (25.3 wt.%) to that of the starting 
powders (25.1 wt.%, recalculated from data in Table 3.1 by considering 7 wt.% of 
oxide sintering additives).  
Considering the effect of ~3 vol.% of the in-situ grown graphene content in the density 
of the specimens, the values collected in Table 3.4 are predicted assuming a density 
for the graphene of ρ ∼2.2 g·cm−3. The calculated values are slightly lower than those 
experimentally measured for α-SiC and β-SiC (3.24 g·cm−3) and for the nano-β-SiC 
composite (3.17 g·cm−3), which could be due to either a partial volatilization of the 






Figure 3.13.- Micro-Raman average spectra of the spark plasma sintered nano-β-SiC 
materials at different SPS temperatures. Conditions used: 60 x 60 pixels and one 
spectrum per pixel using 20 ms of acquisition time for each spectrum. 
As it can be seen in Table 3.5, these materials present different mechanical 
properties as consequence of their different microstructural features. Thus, the nano-
β-SiC is slightly softer (19.0 ± 0.1 GPa) than the other two ceramics (~21.0 - 22.6 
GPa), attributable to the higher content of secondary phase, which is mainly 
amorphous (Table 3.1 and Fig. 3.4) and, then of lower hardness (∼7 GPa)22 than 
YAG (15 GPa),23 as the grain sizes in the three materials are too large (i.e., in the 
range 0.44-1.11 μm) to exhibit a size effect hardening. The same reason is valid for 
the reduced elastic modulus of the nano-β-SiC. As for the fracture toughness, β-SiC 
and nano-β-SiC show slightly higher KIC values than the α-SiC material. This is 
unexpected in the case of nano-β-SiC regarding the higher content of amorphous 
secondary phase. However, an increased effectiveness of crack-bridging 
mechanisms would be expected in this material associated to the slightly greater 
aspect ratio of the SiC grains and the slightly higher number of graphene flakes at the 
grain boundaries. This larger number of graphene flakes is simply attributed to the 








Table 3.4. Theoretical density (ρth) of the three materials considering the initial 
compositions, and the estimations corresponding to the assumptions that O contents 
form SiO2, and that 3 vol.% FLG is formed in-situ. Measured values are also included 
(ρexp). 
Densities α-SiC β-SiC nano-β-SiC 
ρth 3.29 3. 29 3. 29 
ρth recalculated considering the 
SiO2 content (g·cm-3) 
3.26 3.24 3.18 
ρth recalculated considering the 
SiO2 graphene content (g·cm-3) 
3.22 3.21 3.15 
ρexp 3.24 3.24 3.17 
 
Table 3.5.- Elastic modulus (E), hardness (H) and toughness (KIc) measured by 








α-SiC 21.0 ± 0.7 392 ± 16 3.8 ± 0.4 
β-SiC 22.6 ± 0.7 430 ± 25 4.7 ± 0.2 
Nano-β-SiC 19.0 ± 0.1 350 ± 7 4.0 ± 0.1 
 
 
3.1.2.- Effects of current confinement on the SPS of SiC 
Despite the variety of studies on the SPS of SiC powders, a significant lack of 
fundamental research about the effects of the electrical current distribution on the 
sintering process of SiC ceramics with Y2O3–Al2O3 additives is detected. As it was 
stated in Chapter 1, several attempts have been done for the energy-efficient 
sintering of different ceramics (such as Al2O3, HfB2–SiC, ZrB2, and MoSi2) by SPS, 
inducing electric current flow isolation by using highly resistive films.24,25 In this PhD 
Thesis, the effect of the electric current confinement on the sintering of SiC materials 
by SPS, and thus, on the microstructure and properties, has been analyzed using two 
different configurations of the SPS tools: i) the standard symmetric system (Fig. 3.1), 




setup, namely SYM, and ii) a set-up –also symmetric- where a BN powdered coating 
of ~100 µm thickness was sprayed onto the inner walls of the cylindrical graphite die 
(Fig. 3.14), namely SYM-BN. This insulating coating electrically detaches the graphite 
foil and the specimen from the graphite die, thus inducing current confinement around 
the sample. The effect of these distinct current pathways on the SPS parameters 
(voltage, current, temperature), the whole electrical resistance of the system, and the 
energy consumption, as compared to the standard sintering process, were analyzed. 
In both systems, three grams of the β-SiC composition were placed in the middle of 
the graphite arrangement preserving axial symmetry. 
  
 
Figure 3.14.- Schematic illustration of the SYM-BN assembly, including a SEM 
micrograph of the BN layer between the graphite foil and die. 
 
As a first approach to the sintering efficiency in both SPS set-ups, the degree of 
densification of SiC ceramics was measured. The apparent density of β-SiC 
specimens SPSed using SYM and SYM-BN arrangements, for different Ts but same 
sintering conditions (atmosphere, dwelling time, heating rate, etc.), is plotted in Fig. 
3.15a. As it was previously described, Ts ≥ 1800 °C were required to reach fully dense 
bodies for the SYM configuration. Interestingly, for similar densities, a shift to lower Ts 
temperatures is observed for the SYM-BN configuration, for which almost full 
densification (3.22 g·cm-3, 99.4% ρth) is achieved at a Ts of 1575 °C, 225 °C lower 








Figure 3.15.- (a) Apparent density versus set-point temperature and (b) displacement 
rate [d(dz)/dt] at 1800°C versus sintering time for β-SiC specimens SPSed using SYM 
and SYM-BN configurations. 
 
For a deeper understanding of the densification processes, the derivative of the 
specimens shrinkage as a function of time was plotted in Fig. 3.15b for Ts = 1800 °C, 
using the same heating rate ramps and both SYM and SYM-BN settings. At this 
temperature, both materials exhibit similar densities Fig. 3.15a. Shrinkage was 
obtained from the vertical displacement along the z axis (dz) of the system frame 
digitally recorded by the SPS device. Similarly as in the case of the sintering kinetics 
of SPSed Si3N4 ceramics using the same additive system,26 two peaks in the 
shrinkage rate curves associated to the particle rearrangement (lower temperature 
peak) and solution-precipitation (higher temperature peak) stages of liquid phase 




corresponds to the particle rearrangement rate enhancement when approaching the 
eutectic temperature of the additive SiO2–Al2O3–Y2O3 system. 
The densification kinetics would be further accelerated with increasing temperature 
aided by the solution-precipitation process, which corresponds to the most intense 
peak in Fig. 3.15b. As shown, the maximum shrinkage rate is higher (0.13 mm·s-1) 
and takes place at a lower temperature (1425 °C) for the SYM-BN than for the SYM 
set-up (0.06 mm·s-1 and 1680 °C, respectively), the temperature shifting (255 °C 
below) being comparable to that observed for reaching maximum densification which 
was ~225 °C, Fig. 3.15a. As the real temperature for complete densification must be 
the same irrespective of the SPS arrangement, the apparent temperature reduction 
observed for the SYM-BN specimen should be related to disparity between the true 
sample temperature and the pyrometer read-out. In this way, it can be ascertained 
that the BN die coating induces a real temperature between 225 °C and 255 °C 
higher in the samples, possibly because the electrical current is mostly driven through 
the graphite foil covering the powdered specimen, avoiding the direct Joule heating of 
the graphite die; also, the outward heat flow is somewhat prevented by the sprayed 
BN layer. 
To prove this statement, electrical data as a function of time during SPS runs at a set-
point temperature of 1800 °C for both SYM and SYM-BN settings, as well as for a 
SYM-BN specimen sintered at the hypothetically real temperature of 1800 °C, i.e. a 
Ts=1575 °C, 225 °C below the Ts of the SYM configuration, were comparatively 
analyzed. As observed in Fig. 3.16a, there is an initial stage before the pyrometer 
starts to control the heating schedule during which the current intensity, I, remains 
constant (~360 A) and, therefore, the voltage, V, drops (Fig. 3.16b) following the 
system resistance, R, shown in Fig. 3.16c, which is significantly higher for the SYM-
BN configuration than that of the SYM. Throughout the initial phase (0-100 s), the 
dissipated power (P), calculated from the equation P = I·V, is also higher for the SYM-
BN arrangement as shown in Fig. 3.16d, and thus the programmed temperature is 
reached much earlier, at about half the time required for the SYM run (100s vs. 200s). 
After this first stage, the electrical conditions drastically change to power controlled 
stage and a much lower current (Fig. 3.16a) is detected for the SYM-BN specimens, 
consequently resulting in an overall lower power consumption compared to SYM 
configuration. The slight decrease in the current detected in Fig. 3.16a at 900 s (i.e., 
at the beginning of the holding time) for the SYM-BN could be explained by the 






The energy consumed during the SPS run, EC, calculated by integrating the P(t) 
outline in Fig. 3.16c over the sintering cycle, varies considerably between the different 
settings (see Table enclosed in Fig. 3.16d). Thus, the BN insulating layer reduces 
around 30% the consumed power for SPS runs at the same set point temperature of 
1800 °C, namely from 7.71 MJ to 5.34 MJ, and the reduction was even larger (~60%, 
EC = 3.06 MJ) for the test carried out at the same real temperature, that is, for SYM-
BN at 1575 °C. The reduction in P and the increase in the system resistance for SYM-
BN setup are both directly related to the electrical current confinement through a 
smaller volume of higher electrical resistance. 
Instead of the SiC powders, a cylindrical graphite specimen (the same material type 
used for the furnace tools) was used as reference to elucidate the current paths for 
both settings. In this way, two runs, SYM at 1800 °C and SYM-BN at 1575 °C, that is, 
at the same real temperature, were performed. The same trends of resistance with 
time (Fig. 3.17) are observed during these SPS runs although 1 mΩ higher R values 
were attained when using the BN coating. From the resistivity of graphite given by the 
suppliers (1.00 x 10-5 and 1.14 x 10-5 Ω·m for the in-plane graphite foil and the bulk 
graphite die and punches, respectively) and the dimensions of the different 
components of the assembly, the R values of the different graphite components are 
calculated as shown in Table 3.6; considering that the graphite foil has a significantly 
higher resistance (30.30 Ω at 25 °C) than the denser graphite die (0.28 Ω) and 
punches (0.67 Ω), electrical current can be assumed to mainly flow through the 






Figure 3.16.- (a) Current intensity, I, (b) voltage, V, (c) electrical resistance, R, and (d) 
dissipated power, P, as a function of time for different SPS runs using both the SYM 
and the SYM-BN assemblies. The Table on (d) collects the energy consumption, EC, 






Figure 3.17.- Electrical resistance plots as a function of time measured for different 
SPS runs using both a graphite disk and a SiC powdered compact, with the SYM and 
the SYM-BN assemblies, where the predicted room temperature resistances are 
plotted as square dots. 
 
Table 3.6.- Table summarizing the resistances of the graphite elements of the circuits 
in Fig. 3.18b,c, calculated from the resistivity of the graphite punches, die and foil 
















(mΩ) 0.67 0.11 1.89 0.14 2.27 14 ~2.53 >150
 
In this way, the equivalent circuit shown in Fig. 3.18b was assumed for this case, in 
which the top (sysT) and bottom (sysB) parts of the assembly are separately 
considered, and those of the punches have been divided into top (top) and bottom 
(bot). Rmid, Rdie, and Rc represent the resistances associated to the sample (graphite, 
in this case), die and contacts, respectively. From data in Table 3.6, and the 
resistance experimentally measured (Rexp) for the reference run with BN, the system 
resistance in Fig. 3.18, Rsys, is estimated as 1.89 mΩ assuming a higher contact 
resistance (Rc) than 150 mΩ, using the following expression: 




Those estimated values are used for modeling the resistance for the SYM, without 
BN, in which a part of the current passes through the die, which would be equivalent 
to add the parallel dashed circuit in Fig. 3.18b. 
 
Figure 3.18.- (a) Schematic pattern of the elements, and their associated resistances, 
of the SPS setting. (b) Equivalent patterned circuit of (a) when a graphite sample is 
placed in the center of the system; the dashed branch only operates in the absence of 
the BN layer. (c) Equivalent patterned circuit of (a) when a ceramic powdered 
compact is placed in the center of the system; in the presence of a BN layer, the 
dashed branch is suppressed. Resistance (R) subscripts nomenclature is: “sysT” and 
“sysB” for top and bottom parts of the assembly; “top” and “bot” for top and bottom 
punches; “mid,” “die,” and “c” for sample, die and contacts, respectively; “GFm” and 
“GFb” for graphite foils in contact with the sample (middle) and the bottom punch. 
Resistance data in Table 3.6 are also employed to model the resistance of the 
assembly during the sintering of a SiC powdered specimen. Due to its much higher 
electrical resistance (e.g., the R of dense SYM SiC materials is ~104–105 times that of 
graphite, see Chapter 5), it is assumed that the current path deviates when reaching 
the sample to the graphite foil—with BN—and also to the die—without BN— (as 
shown in the equivalent circuits in Fig. 3.18c). The deduced R values, plotted as 
squared dots in Fig. 3.17 fit quite well with the experimental data (lines in Fig. 3.17) at 
the very beginning of the tests. Results show that the contact resistance linked to the 
BN coating produces current confinement through the graphite foil provided that it is 
above a certain threshold resistance (in this case, higher than 150 mΩ), irrespective 
of the BN layer thickness (at least above a coating thickness threshold of ~100 µm). 





assembly, whereas it mainly flows through the dense graphite die of much lower 
electrical resistivity in the SYM setting. The confinement of the electrical current 
around the specimen leads to local energy dissipation by Joule effect, which appears 
as a successful method for a faster and more efficient heating of present materials. 
This reduction in the power consumption is especially remarkable when facing a 
large-scale production. 
In Fig. 3.19, representative FESEM micrographs at the top and bottom regions of the 
cross-sectioned SiC specimens sintered at 1800 °C are collected, using the SYM 
(Fig. 3.19a,b) and SYM-BN (in Fig. 3.19e,f) configurations, as well as a SYM-BN 
sample sintered at 1575 °C (Fig. 3.19c,d). 
 
Figure 3.19.- FESEM micrographs at the top (a,c,e) and bottom (b,d,f) parts for SYM 




All these SiC materials show microstructures with mostly equiaxed SiC grains 
surrounded by a homogeneously distributed secondary phase (light gray color in the 
micrographs). Several statements can be drawn from these microstructures and their 
corresponding grain size and aspect ratio quantification (Fig. 3.20):  
(i) grain size for SYM-BN specimen SPSed at 1800 °C (Fig. 3.19e,f) is up to six 
times coarser and contains a higher percentage, about 50%, of elongated grains 
(Aspect Ratio (AR) >> 1) than for SYM samples (Fig. 3.20a,b), which is linked to the 
higher real sintering temperature attained in the former material (i.e., ~2050 °C) that 
would promote grain growth;  
(ii) the microstructure of the SYM-BN sample SPSed at 1575 °C (Fig. 3.19c,d) is 
very similar to that of SYM -similar grain size distributions and d50 and median AR 
(AR50) values (0.53-0.61 µm and 1.5, respectively)- confirming that the assumed 
difference in real SPS temperatures of 225 ºC is correct; 
(iii) SYM-BN specimen SPSed at 1800 °C exhibits a significant gradient in the axial 
direction in particular the bottom region shows coarser and longer grains (d50 = 3.86 
µm, AR50 = 2.1) than the top one (d50 = 2.38 µm, AR50 = 1.5); conversely, the other 
two materials do not show relevant differences between both end regions,  
(iv) the amount of grain-boundary phase decreases as grain size increases, 
especially at the bottom part of the SYM-BN specimen SPSed at 1800 °C. These 
observations are also confirmed by microstructure quantification, as shown by the 
grain size and aspect ratio cumulative area fraction distributions of Fig. 3.20, and the 








Figure 3.20. (a) Grain size and (b) aspect ratio cumulative area fraction plots for the 
SYM and SYM-BN specimens at the top and bottom regions. 
 
Tabla 3.7.- Basic microstructural parameters and values for the elastic modulus (E), 
hardness (H), and toughness (KIC) of the SYM and SYM-BN specimens SPSed at 
1575°C and 1800°C. Data at the Top and Bottom regions are shown, obtained by 













Top 0.53 1.5 432 ± 17 20.7 ± 0.5 4.8 ± 0.2 
Bottom 0.54 1.4 430 ± 25 22.6 ± 0.7 4.7 ± 0.2 
SYM-BN 1575 
Top 0.61 1.5 409 ± 37 25.4 ± 1.3 4.2 ± 0.1 
Bottom 0.61 1.5 433 ± 25 27.5 ± 1.7 4.4 ± 0.2 
SYM-BN 1800 
Top 2.38 1.5 420 ± 18 19.0 ± 1.2 4.9 ± 0.2 




According to the XRD patterns shown in Fig. 3.21, the secondary phase only 
crystallized at the bottom of the SYM 1800 °C (Fig. 3.21a) and SYM-BN 1575 °C (Fig. 
3.21b) specimens, as YAP or YAG in the former specimen and a mixture of YAP and 
YAM in the latter, which are the expected phases according to the formulated 
sintering additive composition.27 Interestingly, SYM-BN SPSed at 1800 °C showed no 
crystalline secondary species at the bottom, probably due to the complete 
vaporization of SiOx species at the high sintering temperatures attained (nominal 
value 1800 °C but real value of ~2050 °C) under pressures beneath the atmospheric 
(~6 Pa). Actually, the absence of that secondary phase surrounding SiC grains was 
confirmed by FESEM observations at the bottom part, just as shown in Fig. 3.19f. 
Besides, a low β→α-SiC transformation ratio was observed at both sides of the SYM 
sample at 1800 °C (Fig. 3.21a) and SYM-BN at 1575 °C (Fig. 3.21b) specimens, 
evidenced by the low intensity of the peaks ascribed to 6H and 4H polytypes of α-SiC 
phase in the XRD patterns. Conversely, the signal for these polytypes noticeably 
increased in the SYM-BN specimen SPSed at 1800 °C (Fig. 3.21c), especially at the 
bottom region with a considerable decrease in the intensity of the β-SiC phase peaks 
(3C polytype) and the occurrence of highly intense peaks mostly linked to the 4H-SiC 
polytype. The high degree of the β→α-SiC transformation and the huge volatilization 
of the secondary phase at the bottom part of the SYM-BN SPSed at 1800 °C 
specimen suggest a higher temperature in this zone. 
Average Raman spectra taken at the bottom of the SYM and SYM-BN specimens 
(Fig. 3.22) established the presence of both cubic and hexagonal α-SiC polytypes, 
with Raman bands associated to the TO and LO vibrational modes. Although the 
identification of the different hexagonal polytypes was not possible due to the weak 
signal of the Raman bands, the SYM-BN specimen SPSed at 1800 °C showed larger 
contribution of the hexagonal phases due to the higher sintering temperature attained 
as well as a high level of doping; the latter was inferred from the spectrum of this 
specimen, as bands at 964.5 and 969.8 cm-1 of undoped α-SiC, corresponding to the 
axial and planar coupled modes, respectively, were broadened and slightly shifted to 
higher frequencies.7 In addition, the three main D, G, and 2D characteristic peaks of 
graphitic species associated to the FLG sheets in-situ formed at the SiC grain 
boundaries during the SPS were clearly observed for SYM material. However, the 
formation of these FLG was considerably lower for current SYM-BN samples, 
especially for that SPSed at 1800 °C. In fact, the intensity ratio between the G peak 
and the most intense band of SiC (TO band at 796 cm-1) for each spectrum, which 





0.27 for the SYM specimen and nearly the half (0.15) for the SYM-BN SPSed at 
1575°C. This ratio was negligible for the SYM-BN SPSed at 1800 °C. 
 
Figure 3.21.- XRD patterns recorded on the top and bottom regions of the SYM (a) 




The content of FLG was estimated quantifying the relative number of pixels with 
highest intensity in Raman images constructed by mapping the intensity of the G 
band. As a result, a content of FLG ~0.6 vol.% was determined for the SYM-BN 
specimen SPSed at 1575 °C, in contrast to ~3.0 vol.% of the SYM one, calculated in 
the same way. The amount of the graphene domains was almost negligible for SYM-
BN SPSed at 1800 °C. Therefore, the faster heating rate developed for the SYM-BN 
configuration limited the in-situ synthesis of graphene-like structures, and even 
vanished for the highest SPS temperature. 
 
Figure 3.22.- Micro-Raman average spectra corresponding to the bottom region of the 
SYM and SYM-BN specimens. Conditions used: 60 x 60 pixels and one spectrum per 
pixel using 20 ms of acquisition time for each spectrum. 
It has been proved that control of the silicon vapor density is essential for uniform 
growth of epitaxial graphene layers on SiC on both the Si- and the C-faces.28 In this 
context, the rapid heating of the SiC powders in the SYM-BN assembly may increase 
the sublimation rate of silicon. Taking into account the real amount of graphene in the 
specimens, ρth and the corresponding relative density (ρrel) were recalculated for 
SYM-BN specimens SPSed at 1575 °C and 1800 °C, resulting in values of 3.27 and 
3.28 g·cm-3, for ρth and 98.2% and 98.6% for ρrel, respectively; for comparison, the 
SYM material had a ρth of 3.24 g·cm-3 representing 99.9% of the theoretical density. 
The observed coarser microstructure and the lack of secondary phases at the bottom 
part of the SYM-BN specimen sintered at 1800 °C can be explained by the 
thermoelectric character of SiC.29,30 Computer simulations and experiments on highly 





the Peltier effect, which leads to a significant redistribution of heat within the sample 
during the densification with a higher temperature on the cathode side.31 Considering 
that the SYM-BN specimen sintered at 1800 °C is highly doped (Fig. 3.22) probably 
by Al coming from the sintering additives (i.e., p-type), this sample could achieve 
during sintering much higher electrical conductivity than undoped SiC when reaching 
complete densification and doping, thus competing with the graphite foil path. This 
fact is confirmed by a further reduction in the system resistance (up to ~37%) above 
600 s (~1700 °C in the sample) and up to 800 s (~2000 ºC) only observed for the 
SYM-BN assembly at set temperature of 1800 °C (Fig. 3.16c). In this way, the current 
across the specimen would be of same order of magnitude as the current measured 
(103 A) and, therefore, the current density (j) for the 20 mm diameter sample could 
then be calculated as ~3 x 102 A·cm-2. On the other hand, the Seebeck coefficient (S) 
for SiC ceramics strongly depends on their doping level, significantly increasing with 
temperature,29 with reported absolute values around 100 to 400 µV·K-1 at 1300 K. 
Considering this range of values for S, and being T = 2300 K (i.e., the real holding 
temperature) in this sample, the Peltier coefficient (Π =T·S) would vary between 0.2 
and 0.9 V. The thermal power density (ݍሶ ) can be then predicted, following a similar 
analysis to that proposed by Becker et al. for highly doped Si,31 from ݍሶ  = Π · j, as 
~60–270 W·cm-2. This thermoelectric effect would cause extra-heating at the bottom 
part of the sample (cathode side). The temperature difference (∆T) between the top 
and bottom parts is then estimated as 50–225 K using the heat Fourier’s law: 
ݍሶ ൌ 	െܭ்׏ܶ	 → ݍ௭ ൌ 	െܭ் ∆்∆୸		        (2) 
where ∆z is the sample thickness (2.5 mm in the present case) and KT is the thermal 
conductivity of the specimen at 2300 K, assumed as 30 W·m-1·K-1, which is the 
conductivity of these type of materials at ~ 800 ºC (Chapter 5.1). The lack of 
secondary phases at the bottom part of the specimen can also be explained because 
this higher temperature favors partial volatilization of species from the grain-boundary 
phase. 
As shown in Table 3.7, these distinct microstructural features affect the mechanical 
parameters. In this way, the hardest material was the SYM-BN specimen SPSed at 
1575 °C, in particular at the bottom part (27.5 GPa), showing increments of 23-40% 
with respect to the other materials. On the other hand, the partial volatilization of the 
secondary phase that occurred in the SYM-BN specimen SPSed at 1800 °C would 
weaken the interface between the SiC grains (Fig. 3.19e,f) leading to the softest 




graphene-like species in the SYM material (~3 vol.%), compared to SYM-BN SPSed 
at 1575 °C (~0.6 vol.%), would soften the first material too, as it has been widely 
reported in graphene/ceramic composites.32,33 Finally, the slightly higher hardness at 
the bottom part of the specimens, particularly for the SYM-BN at 1575 °C, compared 
to the top region is due to the crystallization events in the secondary glassy phase 
that preferentially took place in the bottom side. 
 
Regarding fracture toughness data, the highest KIC values were attained at the bottom 
part of the SYM-BN specimen SPSed at 1800 °C (5.4 MPa·m1/2), which gave 
improvements of 15% and 22% with respect to the SYM and SYM-BN at 1575 °C, 
respectively, when comparing the same regions within the specimens. This 
enhancement was due to the coarser microstructure and elongated grains of SYM-BN 
specimen SPSed at 1800 °C (Table 3.7) that would induce toughening mechanisms 
such as bridging and deflection.34 The slight KIC gradient across this material (10%) 
should be linked to the observed variations of d50 and AR50. Even though SYM and 
SYM-BN samples SPSed at 1575 °C exhibited similar features, KIC values were 
higher for the SYM specimen (up to 14%). In this particular case, the existence of the 
graphene-like structures would produce additional bridging and pullout mechanisms.35 
Therefore, the mechanical characteristics of these SiC materials were controlled by 
several parameters: the crystalline character of the secondary phase, the SiC grain 
size, and the in-situ synthesis of graphene-like species. 
 
3.2.- Bulk graphene/SiC composites 
GNPs emerge as a natural filler candidate for SiC ceramics which, furthermore, would 
increase the electrical conductivity of these structural ceramics as a key factor for 
potential applications that require static charge dissipation or using the electro-
discharge machining (EDM) technique.36-38 Different GNPs/SiC composites were 
prepared with GNPs additions of 0, 5, 10, and 20 vol.% by following a similar method 
to that of monolithic SiC-based ceramic compositions (A.2.2). For the preparation of 
these composites, the GNPs were first dispersed in isopropyl alcohol in an ultrasonic 
bath. Meanwhile, a β-SiC ceramic slurry containing 7 wt.% of sintering additives was 
prepared (A.2.2). This slurry was mixed with the GNPs suspension and, then, stirred 
and sonicated for 1 h to obtain a homogeneous mixing of all components, followed by 
the solvent evaporation in a rotary-evaporator. Table 3.8 summarizes the starting 





The SPS process was identical to the case of SiC-based samples with no GNPs 
additions using a standard SPS setting, i.e. 1800 ºC for 5 min under vacuum 
atmosphere of ∼4 Pa, and applying an uniaxial pressure of 50 MPa.  












0 93 : 5 : 2 : 0 3.24 99.9 0.6 1.4 
5 89.79 : 4.83 : 1.93 : 3.45 3.19 99.9 0.6 1.4 
10 86.47 : 4.65 : 1.86 : 7.02 3.13 99.9 0.7 1.4 
20 79.51 : 4.27 : 1.71 : 14.51 3.03 99.0 0.6 1.4 
 
The theoretical density for the different materials was estimated from the values of the 
SiC matrix (3.24 g·cm−3 as the monolithic material) and the added GNPs (2.2 g·cm−3), 
which led to 3.19, 3.13 and 3.03 g·cm−3 for the composites containing 5, 10 and 
20 vol.% GNPs, respectively (Table 3.8). Fully dense GNPs/SiC composites were 
obtained (Table 3.8), although the material containing 20 vol.% GNPs was somewhat 
less dense (99.0% ρth) due to the large GNPs network that partially hinders the 
densification of the matrix. 
The observation of the fracture surfaces (Fig. 3.23) shows the homogeneous 
distribution of GNPs within the fine ceramic matrix, with no visible platelet 
agglomerates even in the case of the highest amount of GNPs (Fig. 3.23d). For the 
monolithic material, in-situ grown graphene flakes are detected with lateral sizes 
ranging from ~ 70 nm to 3 µm. In the case of the flakes with lateral sizes larger than 
the SiC grains (Fig. 3.23a), their main plane seems to be preferentially oriented along 
the plane perpendicular to the SPS pressing axis. This orientation is even more 
clearly observed for the added GNPs (Fig. 3.23b-d), and it is the natural consequence 
of their large size (between 5 and 10 times the grain size of the ceramic phase) and 
the application of uniaxial pressure. This effect has been previously reported for the 
closely related GNPs/Si3N4 composites.39-40 The median SiC grain sizes of all the 
composites were in the range 0.6―0.7 μm (Table 3.8), with a median aspect ratio of 
∼1.4, which implies small grain growth during sintering as the raw powder had a 






Figure 3.23.- FESEM micrographs of the fracture surfaces of the SiC-based 
composites containing GNPs additions: (a) 0 vol.%, (b) 5 vol.%, (c) 10 vol.% and (d) 
20 vol.%.  
XRD analyses (Fig. 3.24) confirmed that the 3C-SiC polytype was the majority phase 
in all materials, showing low intense peaks that could be clearly assigned to the 
polycrystalline 6H-SiC phase, and traces of the 4H-SiC phase. Therefore, only a 
slight degree of β → α-SiC transformation occurred due to the relatively low sintering 
temperatures and short sintering times. As the GNPs contents increased, the peak 
associated to graphite proportionally increased. Considering that the content of 
sintering additives (5 vol.% - or 7 wt.%) with respect to SiC remained constant for all 
composites, the total amounts of Al2O3 and Y2O3 ready to form YAG or YAP 
diminished as the GNPs content augmented in the composite, being ~4 vol.% (~6 
wt.%) for the sample with 20 vol.% GNPs. As a consequence, the intensity of the 





Figure 3.24.- XRD patterns of all the GNPs/SiC composites. 
Average spectra collected over an area of 10  10 µm2 of the polished surfaces of the 
various samples are shown in Fig. 3.25 Apart from the TO and LO bands associated 
to SiC, the D-, G- and 2D-bands corresponding to the graphite-like network can be 
clearly distinguished in the composites. The composites present a clear asymmetric 
2D-band with FWHM in the range 81-86 cm-1 (Table 3.9), very similar to that of the 
pristine GNPs, deconvoluted into the D1 and D2 components (Fig. A.2.2). The slightly 
higher ID/IG ratio observed in the composites as compared to the pristine GNPs (in the 
0.25-0.33 range vs. 0.21) seems to indicate that GNPs become slightly more 
defective after the processing and sintering steps (Table 3.9). The increase in the D-
band in the composites may be also associated to a major contribution of the 
exposed platelets edges.41 Nonetheless, GNPs still preserve very high structural 




kept between 0.9 and 1.1, which compared to 1.7 of the pristine GNPs (Fig. A.2.2) 
and confirms the graphene-like nature of these platelets. Moreover, the D-, G- and 
2D-bands appeared in all composites at the same positions (1361 ± 2, 1592 ± 2 and 
2716 ± 3 cm-1, respectively). The slight blue-shift of the G-band position, as compared 
to multilayered graphene and graphite (in both cases centred at ∼1587 cm−1, see 
Table 3.9), can be attributed to a compressive strain induced during cooling by the 
SiC matrix on the basal ab-plane of the GNPs. This would be the result of the much 
higher thermal expansion coefficient of SiC (~4.9x10-6 K-1 from room temperature to 
800 ºC)42 than that for the ab plane of graphite or GNPs (~1x10-6 K-1  beween room 
temperature and 800 ºC).43 It is noteworthy to mention that the thermal expansion 
coefficient of graphene and graphite in the c direction (~30x10-6 K-1)  is much higher 
than for the ab-plane, and higher than for pure SiC, inducing a tensile stress in the 
thickness direction, which does not affect the position of the G peak. 
Table 3.9.- Averaged Raman data corresponding to the D-, G- and 2D-bands of 
graphene8 of the 10 µm  10 µm maps obtained on the polished surfaces of the 
composites, as well as that for the corresponding pristine GNPs. 
GNPs content 
(vol.%) 
Center G    
(cm-1) 
FWHM 2D  
(cm-1) 
ID/IG I2D/IG 
0 1592 ± 2 75 ± 6 0.58 ± 0.03 0.8 ± 0.1 
5 1592 ± 2 83 ± 2 0.25 ± 0.03 0.9 ± 0.1 
10 1592 ± 2 81 ± 1 0.29 ± 0.02 0.9 ± 0.1 
20 1591 ± 3 86 ± 3 0.33 ± 0.04 1.1 ± 0.2 
Pristine GNPs 1587 ± 2 77 ± 2 0.21 ± 0.02 1.7 ± 0.1 
It should be noticed that graphitic peaks can also be seen in the Raman spectrum of 
the monolithic material without GNP additions, which correspond to the graphene 
flakes grown in-situ at the grain boundaries of SiC. Data in Table 3.9 suggest a 
narrower 2D-band for monolithic SiC than for the composites containing GNPs, which 
was associated to a turbostratic stacked epitaxial growth of graphene. Also, the 
highest ID/IG value of the monolithic materials (0.58) is explained by the smaller size of 
the formed graphene flakes, where the numerous edges greatly contribute to increase 






Figure 3.25.- Raman spectra of representative 10  10 µm2 surface regions of the 
different composites, calculated as the average of 60  60 pixels with an acquisition 
time of 20 ms each. 
The differences between the Raman spectra of the in-situ grown graphene and the 
added GNPs are a helpful tool to elucidate the formation of graphene flakes by SiC 
decomposition also in the composites with added GNPs. By way of example, a 
Raman study performed for the composite with 20 vol.% GNPs is presented in Fig. 
3.26. The false-colour Raman map shown in Fig. 3.26b (corresponding to the optical 
image in Fig. 3.26a) was constructed by merging maps of the integrated intensity of 
the 2D-band (~2710 cm−1) of GNPs (red), its FWHM (yellow corresponds to the areas 
with narrowest peaks) and the intensity of the 796 cm−1 band of SiC (blue). Spectra 
representative of the three distinct coloured regions are given in Fig. 3.26c. The D-, 
G- and 2D-bands are observed even in the SiC regions (region 3), probably because 
of the higher Raman sensitivity of GNPs as compared to SiC. The narrow, single 
graphene 2D-band centred at ~2709 cm-1 appearing in the spectra collected in region 
1 can be ascribed to the graphene formed in-situ (Fig. 3.26b). In contrast, the 
spectrum of the GNPs corresponding to the red region 2 can be deconvoluted into the 
D1 and D2 components (see Fig. 3.26d), with centres at 2699 and 2732 cm-1, just as 
for pristine GNPs. The above results definitely confirm the in-situ formation of 





Figure 3.26.- (a) Optical image of a polished surface of a 20 vol.% GNPs/SiC and (b) 
false-colours Raman spectral image of the area marked in (a), constructed by 
merging the maps of the 2D-band intensity (~2710 cm−1) of GNPs (red), its FWHM 
(yellow corresponds to the areas with narrowest peaks), and the intensity of the 796 
cm−1 band of SiC (blue). (c) Single Raman spectra corresponding to areas marked 
with 1, 2 and 3 in (b) representing in-situ grown graphene, GNPs and SiC, 
respectively. (d) High magnification plot of the 2D-peak for the three spectra showing 
FWHM of each band from the corresponding fitting.  
As for the mechanical properties, Table 3.10 collects the data for the different 
materials. Monolithic SiC exhibited higher E and H values than the composites, a 
trend previously observed in other graphene-based ceramic composites33,44 that is 
related to the sliding of the graphene layers within the flakes under shear stresses, 
helped by the waviness of the platelets following the boundaries of the matrix grains 
(Fig. 3.23). Actually, both E and H decreased with increasing amounts of GNPs. KIC is 
expected to increase for the graphene-based composites when compared to SiC due 
to the development of crack shielding mechanisms associated to the graphene 
flakes;33 however, the development of multiple lateral cracks in Vickers scars for 





precludes KIC determination by this method. Consequently, low loads (10N) were 
employed for the characterization of E and H to minimize this effect on the as-
obtained data. 
Table 3.10.- Elastic modulus (E) and hardness (H) obtained by Vickers indentation at 
50N loads for the case of monolithic SiC, and at 10N for the composites.  
Material E (GPa) H (GPa) 
SiC 430 ± 25 22.6 ± 0.7
5 vol.%GNPs/SiC 310 ± 23 24.3 ± 2.1
10 vol.%GNPs/SiC 233 ± 38 14.8 ± 3.1
20 vol.%GNPs/SiC 120 ± 28 9.8 ± 1.1 
 
 
3.3.- Robocast SiC-based ceramic scaffolds 
SiC-based scaffolds with different patterned morphologies, as described in Chapter 2, 
have been formed by the Robocasting technique for β-SiC and nano-β-SiC and 
different amounts of sintering additives. The subsequent challenge towards the 
achievement of the final cellular materials was the densification of the as-produced 
structures.  
 
Figure 3.27.- Schematic illustration of graphite dies used in SPS process. Two 





An especial die assembly for the SPS was designed to enhance the sinterability of 
the SiC ceramic scaffolds assuring electrical contact with the punches but avoiding 
mechanical loads on the sample, thus preventing damage or cracking of the cellular 
specimens (Fig. 3.27). It should be pointed out that, once the specimen starts to 
shrink, the current flow through the sample is not assured as the close contact with 
the upper graphite die is lost. However, as shown farther on in this Chapter, this 
peculiarity did not affect the sintering as full-dense SiC skeletons can be produced. 
 
SPS tests were done at different temperatures (in the range 1700-1800 ºC) using a 
similar heating rate ramp as described for bulk materials. In this particular case, an 
argon (Ar) atmosphere (PAr ~10 kPa) within the chamber of the SPS was chosen. The 
reason for dismissing the vacuum atmosphere was to avoid the SiC crystal growth on 
the rod surface in contact with the lower punch by a vaporization–condensation–
recrystallization process. In Fig. 3.28, examples of these SiC crystals (typically 
hexagonal) grown when using vacuum are shown. 
 
Figure 3.28.- (a-d) FESEM images at different magnifications of SiC crystals locally 
formed as a consequence of the vaporization–condensation–recrystallization of SiC 
onto the scaffolds rods in contact with the lower punch of a β20 sample SPSed at 






The SPS temperatures shown in Table 3.10 were selected based on the previous 
results obtained for the corresponding bulk materials. In this way, a temperature of 
1700 ºC was chosen for the composition β20, and increased up to 1800 ºC for β7, 
according to a reduction in the sintering aids from 20 to 7 wt.%. In the case of the N20 
structures, a temperature of 1750 ºC (50 ºC above that used for β20) was selected 
due to its lower degree of compaction associated to the lower solids loading of this 
ink. During the SPS process, the SiC scaffolds and the lattice rods experienced 
significant isotropic shrinkage (Table 3.10). Comparing lattices for the two 
compositions with similar amount of additives (20 wt.%), shrinkage was larger for the 
N20 (28%) than for the β20 (23%) scaffolds, due to the lower density in the green 
state of the former (the solids volume fraction of the corresponding inks was 0.32 and 
0.44 for N20 and β20, respectively, as shown in Table 3.11). The smaller shrinkage 
observed for the β7 scaffolds (19%) compared to the β20 scaffold may be attributed 
to an insufficient amount of liquid phase formed during the sintering process, which 
would limit the full densification of the SiC skeleton under pressureless conditions. 
 
Table 3.11.- Sintering parameters of the SPSed SiC scaffolds. 
Material β20 N20 β7 
Sintering temperature (ºC) 1700 1750 1800
Linear shrinkage (%) 23 28 19 
Apparent density (g·cm-3) 3.34 3.31 3.23 
Weight loss (%) 8.4 11.6 11.1 
 
As for the theoretical densities, the values for the β7 and β20 compositions were 
calculated by the rule of mixtures (3.29 and 3.44 g·cm-3, respectively) using the 
proportion of SiC and additives and their theoretical densities. By employing the water 
immersion method (in boiling water to eliminate bubbles), relative densities of 98-99% 
were obtained. It should be remarked that the water immersion method was not 
valuable for the estimation of apparent densities in the case of N20 scaffolds as open 
porosity was partially present. The porosity fraction measured on the SiC rods by 
image analysis results in values of 0.9, 1.6 and 9.5% for β20, β7 and N20, 
respectively. Despite the temperature raise (from 1700 to 1750 ºC) and the higher 
shrinkage of the N20 scaffold, the porosity level was by far the largest, which 
emphasizes the significance of achieving a high solids loading in the printing ink. 
During the SPS process, a weight loss (Table 3.11) of 8, 12 and 11 wt.% was 
measured for the β20, N20 and β7 scaffolds, respectively, which should be 




phases, since the organic additives present in the structures were eliminated in the 
pre-heat treatment in air at 600 ºC (with a weight loss of ~5.5 wt.%, as shown in 
Chapter 2). Actually, Si and Al were detected by EDX on the graphite wrapping in the 
furnace surrounding the samples, which implies some SiC and Al2O3 decomposition 
or volatilization during the SPS process, additionally confirmed by XRD patterns for 
these graphite wrappings showing the formation of α-SiC (6H polytype) on the inner 
surface. This volatilization, in the preliminary vacuum SPS tests, was larger. 
As seen in Fig. 3.29, the sintering additives (bright phase in the images) are well 
distributed within the SiC matrix for the three compositions. 
 
Figure 3.29.- FESEM micrographs of the polished and CF4/O2 plasma etched cross-
sections of the sintered scaffold rods for (a) β20, (b) N20 and (c) β7. (d) 
Corresponding SiC cumulative grain size distributions measured by image analysis 
on FESEM images. The median grain size (d50) and aspect ratio (AR50) data are also 
included in the figure. 
 
In this figure, important differences in the grain size are observed, which are mainly 
related to the SPS temperature, as expected. For the same amount of sintering 





median grain size (1.15 μm) 1.5 times higher than that of β20 (0.76 μm), developing 
also more elongated SiC grains of AR50 = 1.68 as compared to 1.38 for β20 (as 
shown in Fig. 3.29d). This fact relates to the higher sintering temperature (1750 ºC 
versus 1700 ºC), as well as to the more reactive character and higher oxygen content 
of the nano-β-SiC powder that would lead to a faster sintering and grain growth 
kinetics. Finally, the highest grain size was observed in the rods of the β7 lattice (d50 = 
1.59 μm and AR50 = 1.78), which was densified at the highest SPS temperature. 
Comparing with a bulk SiC material of the same composition as β7 (Fig. 3.30), also 
densified by SPS at 1800 ºC in Ar under a uniaxial pressure of 50 MPa, the robocast 
specimens have significantly higher values (~3 and ~1.5 times higher for d50 and 
AR50, respectively), which is an indication that the robocast specimens withstood 
temperatures above those measured by the controlling pyrometer. 
 
 
Figure 3.30.- FESEM images of the fracture surfaces: (a) a standard bulk β7 
specimen, and (b) a β7 scaffold rod, both sintered at 1800 ºC. 
 
As seen in Fig. 3.31, slightly higher electrical power was dissipated during the SPS 
tests in the case of robocast SiC (8.2 MJ by integrating on time) than in the runs of 
bulk SiC specimens of the β7 composition (7.6 MJ), both at 1800 ºC in Ar. Due to the 
macroporous nature of the scaffolds, radiation phenomena within the graphite 
chamber contribute to a faster self-heating of the lattice structure. These high 







Figure 3.31.- Power versus time during SPS of a β7 bulk SiC and a β7 robocast 
specimen sintered in Ar at 1800 ºC. 
 
In fact, whereas very low of degree of β→α-SiC phase transformation is observed for 
bulk materials sintered at 1800 ºC, the N20 and β7 scaffolds pressureless SPS at 
1750 and 1800 ºC show high transformation (Figs. 3.32 and 3.33), with peaks 
associated to different hexagonal and rhombohedral polytypes, more stable at these 
high temperatures, as observed in Fig. 3.32a for a β7 specimen. A high 
transformation degree is also observed for the N20 samples, mainly showing 6H-SiC 
and 4H-SiC polytypes (Fig. 3.33a). The elongation of grains taking place for the N20 
sample is clearly observed in the Raman map (Fig. 3.33b), where the SiC grains are 
depicted as the blue features. Raman spectra for SiC in the two specimens also show 
the high level of doping of SiC scaffolds owing to the absence of the LO-band of SiC. 
Secondary phases and additional peaks ascribed to a cubic aluminum yttrium carbide 
phase were detected in the β7 specimen, and the YAM phase in both β7 and N20. 
The presence of such high-temperature-related phases was confirmed by Raman 
spectroscopy. As shown in Figs. 3.32b and 3.33b, three different phases are 
observed in Raman images constructed by mapping the intensity of the 796 cm-1 
band of SiC, the G-band at 1575 cm-1 of any carbonaceous species, and a 630 cm-1 
band, which is ascribed to either the AlY3C0.5 reaction product or YAlO3, according to 
the XRD pattern. The spectra at the position where maximum intensity of each of 
these bands is recorded are also shown in the Figs. 3.32c and 3.33c. The high 
temperatures developed during SPS of robocast specimens then favor grain growth 







Figure 3.32.- Analysis of the crystalline phases in the β7 robocast specimen: (a) XRD 
pattern of a powdered specimen (WC contamination comes from the mechanical 
miller); (b) Raman image (in false colours) constructed by mapping the intensity of the 
796 cm-1 band of SiC (1), the 630 cm-1 band of the grain boundary phases, either 
AlY3C0.5 or YAlO3 (2) and the G-band at 1575 cm-1 of carbonaceous species (3); and 
(c) single spectra of each of these phases marked with numbers on the map. 
 
 
Figure 3.33.- Analysis of the crystalline phases in the N20 robocast specimen: (a) 
XRD pattern of a powdered specimen. (b) Raman image (in false colours) 
constructed by mapping the intensity of the 796 cm-1 band of SiC (1), the G-band at 
1575 cm-1 of carbonaceous species (2) and the 630 cm-1 band of the grain boundary 
phases, either AlY3C0.5 or YAlO3 (3); and (c) single spectra of each of these phases 




For a mechanical characterization on hardness and elastic modulus at room 
temperature, a depth sensing indentation method with a Vickers pyramidal indenter at 
two different loads (0.5 and 10 N) was employed on the polished cross sections of the 
SiC rods forming the scaffolds (see example in Fig. 3.34a) after being embedded in a 
resin. The loading-unloading curves of the force vs. indentation depth at 10 N for β7 
and β20 samples are shown in Fig. 3.34b, demonstrating the more compliant 
behavior of the latter due to its higher content of sintering additives and smaller grain 
size. As shown in the Table 3.12, E of the β20 and N20 rods were lower than that for 
β7 rods (exhibiting ~13-17% increase), at both of the tested loads, thus enabling to 
produce SiC scaffolds with tailored stiffness by varying the amount of sintering aids. It 
should be noted that the elastic modulus values at 10 N were significantly lower than 




Figure 3.34.- (a) 3D profilometry plot and FESEM image of a 10 N indentation 
performed on the cross section of a rod belonging to N20 skeleton. (b) Indentation 






Table 3.12.- Summary of the values for elastic modulus (E) and hardness (H) of the 
three different SiC ceramic materials. 
Material 
E (GPa) H (GPa) 
10 N 0.5 N 10 N 0.5 N 
β20 194 ± 25 315 ± 26 20.8 ± 0.5 22.9 ± 2.2 
N20 200 ± 29 299 ± 23 19.8 ± 0.9 22.3 ± 3.1 
β7 245 ± 16 360 ± 17 21.9 ± 1.3 24.6 ± 2.9 
 
Conversely, the E value observed in the case of the β7 bulk specimen (406 ± 13 
GPa) at 0.5 N is similar to that reported for higher indentation loads (430 ± 25 GPa, 
as shown in Chapter 4). A possible explanation for this may be related to the 
compliance of the resin in which the specimens are embedded for the indentation 
tests, which is especially remarkable for the robocast rods of ~220 μm diameter than 
for the larger bulk specimens (3 mm x 20 mm). Therefore, more realistic E values for 
robocast rods are those measured using 0.5 N, which are around 300 GPa for         
20 wt.% additives and 360 GPa for 7 wt.%. The lower E value of the β7 scaffold as 
compared to that of the bulk β7 specimen (360 vs 406 GPa) may be partially due to 
its small remaining porosity and the observed differences in crystalline phases. Data 
for the averaged hardness of the different SiC rods is also reported for both of the 
indentation loads used. H values were slightly lower for the N20 and β20 than for the 
β7 scaffolds, clearly associated to their higher amount of sintering additives. All of 
them are in the range of ~ 20–22 GPa for 10 N and, as it could be expected, they are 
slightly higher (22.3-24.6 GPa) for 0.5 N (Table 3.12). The H value measured at low 
loads (0.5 N) for β7 scaffold is again lower than that of the bulk β7 (29.6 ± 0.7 GPa), 
because of differences in porosity and crystalline phases. 
 
3.4.-  Robocast graphene/SiC composite scaffolds 
Graphene/SiC scaffolds (consisting in amounts of 5, 10 and 20 vol.% GNPs using the 
β7 composition for the ceramic matrix) were pressureless SPSed at 1800 °C for 5 
min, in an Ar atmosphere of ~ 10 kPa, with the same sintering conditions as for the 
standard β7 scaffolds. 
The water immersion method has not been valid for the density measurements of 
these cellular ceramic composites due to the elevated porosity of the skeletons. 




sintering, averaged over the three respective spatial dimensions, and the green 
densities (green), have been used to estimate the density of the ceramic skeletons: 
ߩ ൌ 	ߩ௚௥௘௘௡/ሺ1 െ ∆௅௅೚ሻ
ଷ         (3) 
The same green density was assumed for all the rods of each scaffold, estimated as 
47% from Eq. (3) considering a porosity value of 1.6 vol.% for the sintered GNPs-free 
SiC-skeleton from the image analysis. The porosity of the skeletons was then 
estimated using the corresponding ρth of each composite, in particular, 3.24, 3.19, 
3.13 and 3.03 g·cm-3 for 0, 5, 10 and 20 vol.% of GNPs, respectively. The maximum 
relative shrinkage during sintering steadily decreases with the GNPs content, from 
22% for the monolithic SiC scaffold to just 5% in the 20 vol.% GNPs/SiC scaffold (as 
shown in Fig. 3.35a) and, in parallel, the porosity content in the skeletons increases 
from 1.6% for the monolithic SiC to 43% for the composite containing 20 vol.% GNPs 
(Fig. 3.35b). This reduced densification, typical of bimodal sintering, is due to the 
development of sintering backstresses within the compact as a consequence of the 
presence of the non-sinterable GNPs fillers. 
 
Figure 3.35.- (a) Linear shrinkage of structures upon sintering as a function of the 
GNPs content, estimated from their length change averaged over the three spatial 
dimensions and the corresponding relative density of the ceramic skeleton estimated 





There is a clear preferential orientation of the GNPs within the rods (Fig. 3.36), where 
the platelets protrude (white arrows in Fig. 3.36) with the GNPs plane parallel oriented 
to the rod axis. 
 
Figure 3.36.- Representative FESEM micrographs of the fracture surfaces of sintered 
rods belonging to GNPs/SiC cellular composites containing a) 0, b) 5 and c) 10 vol.% 
GNPs (indicated by white arrows). The white dots on the insets mark the observation 
area for the high magnification images. d) FESEM micrograph of the fracture surface 
of a sintered rod in the 20 vol.% GNPs cellular composite with a schematic illustration 
of the core-shell structure of GNPs. e) and f) Higher magnification images of the 
areas marked in d) with numbers 1 and 2, respectively. The insets in e) and f) show 




A remarkable core/shell structure is perceived in the rod transverse plane, where the 
GNPs exhibit parallel alignment with the rod outer cylindrical wall along the rod shell, 
(Fig. 3.36f) whereas a random radial orientation is observed in the rod core (Fig. 
3.36e). The shear thinning behavior of the inks and the radially varying shear stress 
lead to the occurrence of a slip layer, a yielded shell and a solid core,45 thus inducing 
the GNPs self-orientation along the extrusion direction in the yielded shell by 
reproducing the ink fluxes during extrusion. 
A representative example of the micro-Raman spectroscopy analysis is presented in 
Fig. 3.37 for the scaffold with 10 vol.% GNPs. Two spectra are detected in the SiC 
matrix, labeled as 1 and 2 in Fig. 3.37c and attributed to undoped and doped SiC, 
respectively. Undoped SiC plainly exhibits the most characteristic vibrational optical 
modes of the crystalline lattice, namely TO and LO bands, whereas the LO mode 
disappears in highly doped-SiC and the TO mode is overlapped with a characteristic 
shoulder at Raman shifts above 800 cm-1. As shown in the Raman image of Fig. 
3.37b, most of the SiC grains are doped probably because of the high temperatures 
reached during sintering in the SPS furnace (at least 100 °C above the set point 
temperature based on the SiC grain sizes), which destabilizes the Al2O3 additive into 
Al atoms that dissolve into the SiC lattice.46 Another phase showing three distinctive 
Raman bands at 128, 378 and 632 cm-1 is detected –see spectrum 3 in Fig. 3.37c- 
with a minor presence as shown in the Raman map of Fig. 3.37b, which is tentatively 
ascribed to either AlY3C0.5 or YAlO3 according to the XRD results (Fig. 3.38). 
Apart from the spectra associated to the ceramic matrix phases, three distinct 
carbonaceous-related spectra were recorded as well. The first corresponds to the 
characteristic spectrum of graphene/graphite clearly showing the D-, G- and 2D-
bands (number 4 in Fig. 3.37d). The other two spectra marked as 5 and 6 in Fig. 
3.37d appear sparsely distributed in the Raman maps. Spectrum 5 presents the 
typical ethylenic band with peak at 1503 cm-1 and a band in the C-C fingerprint region 
peaked at 1127 cm-1.47 Spectrum 6 is due to amorphous carbon. These two spectra 
are observed in all the samples and therefore should be associated to organic 
residues left within the structures by the polymeric additives used for the ink 







Figure 3.37.- (a) Optical image of a polished surface of the graphene/SiC scaffold 
with 10 vol.% GNPs, (b) false-color image of the area marked in (a) constructed by 
merging six individual intensity maps of different Raman bands associated to the 
single spectra shown in c) and d): 1) orange, the 978 cm−1 band of SiC (LO-SiC); 2) 
red, the 796 cm−1 band of SiC (TO-SiC); 3) yellow, the 628 cm−1 band of the grain 
boundary phase; 4) light blue, the 2D band (∼2716 cm−1) of GNPs; 5) green, the 
1136 cm−1 band of the remaining organic phase; 6) purple, the D band (∼1359 cm−1) 
of amorphous carbon. 
The spectrum 4 in Fig. 3.37d presents a slight blue-shift in the position of the G-band 
of graphene and graphite from 1587 to 1590 cm-1. A similar shift was also observed 
for bulk GNPs/SiC materials (Table 3.9), and would indicate the development of a 
compressive strain on the basal ab-plane of the platelets induced by the surrounding 
ceramic matrix. The intensity ratio of the D and G bands (ID/IG) decreases with 
increasing GNPs content (ID/IG = 0.84, 0.67 and 0.31 for 5, 10 and 20 vol.% GNPs, 
respectively), in all cases higher than that for the pristine GNPs (ID/IG = 0.21). This 
may be explained by the fact that those Raman maps were recorded on the rod 
cross-sections where there is a higher contribution of the more defective GNPs 
edges,48 even though some contribution of the amorphous carbon to the intensity of 






Figure 3.38.- XRD patterns of the robocast GNPs/SiC composites. The starting 3C-
SiC powders, as well as transformed 4H- and 6H-SiC polytypes were detected, 
evidently affected by the high temperatures of the SPS process. Secondary phases 
were tentatively ascribed to AlY3C0.5 and YC2. 
 
3.5.- Conclusions 
i)             Dense SiC-based bulk ceramics with very different microstructures, 
containing 3-4 vol.% of well dispersed graphene flakes in–situ grown at the grain 
boundaries, can be fabricated by SPS at temperatures of as low as 1800 ºC using 
SiC powders with different grain size and polytypes. 
ii)            The mechanism for the in-situ formation of graphene flakes during the SiC 
densification is proposed to be due to the simultaneous actions of the high 
temperature, the electric current passing through the graphite dies and specimen and 
the partial vacuum, all of them involved in the SPS process. 
iii)           The use of an electrically insulating coating of BN on the inner surface of the 
graphite die induces the current confinement, which enhances the shrinkage rate of 
the SiC materials due to localized dissipation of heat, and prompts the full 





energy savings of up to 60% when compared to the standard SPS cycle. The use of 
thick BN coatings makes the SPS process more energetically profitable and has been 
proved a fast and effective method for the densification of SiC-based ceramics. 
iv)           The mechanical characteristics of SPSed SiC materials are controlled by the 
crystalline character of the secondary phase, the SiC grain size, and the in-situ 
synthesis of graphene-like species. 
v)            Dense and homogeneous GNPs/SiC composites with up to 20 vol.% GNPs 
additions can be fabricated by SPS preserving the structural integrity of graphene. 
The uniaxial pressure applied during SPS and the large size of the GNPs as 
compared to the SiC grains resulted in a major orientation of GNPs in the plane 
perpendicular to the pressing axis. 
vi)           Robocast structures have successfully been pressureless SPSed, retaining 
in all cases the shapes of the extruded filaments and the overall geometry of the 
structures. In the case of GNP/SiC composites, robust and relatively lightweight (0.9 - 
1.3 g·cm-3) 3D structures containing up to 20 vol.% of GNPs have been developed. 
vii)          Temperatures reached in the SPS graphite die tool during the pressureless 
SPS of the scaffolds seem to be above those measured by the controlling pyrometer, 
producing a noticeable SiC grain growth and causing reactions between SiC and 
sintering additives, when compared with bulk specimens sintered alike. 
viii)         The total shrinkage of the GNPs-free SiC structures depends on the size of 
starting SiC powders which affects the inks solid content and therefore the skeleton 
green density. That is not the case of the GNP/SiC structures where the presence of 
non-sinterable GNPs limits densification. 
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As shown in the Chapter 3, in-situ grown graphene/SiC nanocomposites have been 
developed by liquid-phase SPS. The presence of graphene within the SiC matrix can 
modify the mechanical performance of these ceramics and, hence, in the present 
Chapter, a study of the contact-mechanical properties through Hertzian indentation 
tests has been carried out at medium and elevated temperatures as a function of the 
SiC starting material, i.e., α-SiC, β-SiC and nano-β-SiC. In addition, considering the 
conductive nature of graphene, the electrical conductivity of the in-situ grown 
graphene/SiC nanocomposites has been analyzed, including the use of nano-scale 
scanning probes to demonstrate the formation of a conducting graphene percolated 
network.  
 
4.1.- Contact-mechanical properties at medium and elevated temperatures 
Contact mechanics supplies important data for the efficient design of mechanical 
systems and for the assessment of tribological properties and indentation hardness. 
Indentation mechanics is lengthily used in the analysis and characterization of 
fracture and deformation of materials, most particularly, brittle ceramics1 as 
indentation damage provides knowledge on other mechanical properties, such as 
strength or toughness. In fact, contact damage is known to be a major limiting factor 
in the durability of materials in engineering applications, like bearings or engine 
components.2 Indentation testing is normally characterized by its experimental 
simplicity, often being the only realistic means of acquiring essential data on damage 
modes in ceramics, particularly the quasi-plastic mode. The main benefit of spherical 
indenters is the possibility to evaluate damage modes progressively evolving from low 
loads (elastic regime) to high loads (plastic regime).  
Hertzian indentation is especially appropriate for ceramics or brittle materials. The 
stress fields created by spherical indenters initially induce deformations within the 
elastic regime and, therefore, ceramic plane surfaces recover their shape after the 
removal of the load. After the elastic regime, increases in the applied loads result in 
the formation of elasto-plastic fields. As in many other types of tests, materials 
undergo plastic flow beneath the contact above a certain yield point. Defining the 
uniaxial compression yield stress as Y, the plastic flow initiates at pressure values of 
pY ≈ 1.1Y.3,4 Deviations from linearity in the stress-strain plots are the indication of the 
commencement of the plastic behavior which, should be, in each material, 




Two main damage modes have been found to appear in monolithic ceramics. The 
first one is the brittle mode, or Hertzian fracture, which commonly begins as a surface 
cone crack outside the contact area with the sphere; the spreading of cracks 
propagates underneath the contact surface with a truncated-cone shape. Actually, 
some initial investigations on this topic date back to 1891, when it was experimentally 
proved that there is a linear relation between the critical load for the cone crack 
initiation and the sphere size; this relation is referred to as the Auerbach’s law. The 
analysis of the initiation of ring/cone cracking phenomena is indeed a subject of 
Hertzian indentation techniques. The second damage mode is quasiplasticity, or the 
quasi-plastic damage, based on the formation of a zone of disseminated shear-driven 
defects and microcracks in the subsurface, very common in tough ceramics where 
the coalescence of microcracks remarkably impairs their performance for fatigue or 
wear applications.5,6 That is the case of heterogeneous ceramics with weak internal 
interfaces, large and elongate grains, and high internal residual stresses, etc. with the 
peculiarity that some positive aspects in the microstructures that prevent the 
propagation of long cracks are, conversely, negative for short crack propagation. In 
this sense, extensive work has been done in the particular case of LPSed SiC 
ceramics, both fine brittle and coarse tough materials, processed by conventional 
sintering methods, such as pressureless sintering and hot pressing.7-10 Nonetheless, 
almost no research is known on the mechanical behavior LPSed SiC ceramics 
obtained by rapid sintering techniques like SPS, which could be of great interest 
especially because of the in-situ formation of graphene flakes at the SiC grain 
boundaries that can play a very significant role on the contact mechanical behavior of 
the materials.  
The Hertzian contact tests (A.2.15) for SiC were performed in air in the 25-850 °C 
temperature range. Then, the indentations were observed and measured by optical 
microscopy; in the case of low loads (elastic regime), a circular scar was visible as a 
consequence of the sputter-coated metallic layer, which is inevitably used to 
determine the contact radii between the indenter and the polished surface of the SiC 
specimens. At increasing loads, different forms of scars can be detected around the 
indentation prints. Initial cracks were typically incomplete, growing bigger and more 
ring-shaped as applied loads increased. As an example, the indentations created in 
the three different studied SiC materials at the same load of 1250 N and temperature 
of 400 ºC are shown in Fig. 4.1. Especially in the case of α-SiC and β-SiC ceramics 





during the application of the loads, a typical attribute of brittle solids. Damage is, thus, 
confined within a hemispherical deformation zone below the circular scar. 
 
Figure 4.1.- Optical images of the contact scars induced by loads of 1250 N at 400 ºC 




Indentation stress-strain curves were constructed by plotting the mean contact 
pressure, p0 (p0=F/a2), exerted on the sample below the indenter, versus the strain 
represented by the normalized radius of the printed circle (a/r). Elastic modulus was 
then measured from the linear stretch of each indentation curve using the Hertzian 
relation for elastic contacts1 as stated before (applicable when p0 < 1.1Y):1,11 
݌଴ ൌ ସ/ଷగሺଵି௩మሻ/ாାሺଵି௩ᇲమሻ/ாᇱ
௔
௥       (1) 
where ν is Poisson’s ratio, and the primes indicate indenter properties. The error in E 
was calculated by the error propagation in the expression. 
Fig. 4.2 shows the Hertzian indentation stress–strain curves for α-SiC, β-SiC, and 
nano-β-SiC at various temperatures, from 25 to 850 °C. The shape of the curves is 
the typical of a polycrystalline ceramic,11-15 that is, an initial linear stretch attributable 
to the elastic deformation regime, followed by a nonlinear stretch associated to the 
quasi-plastic deformation regime. 
It is observed that the slope of the linear stretch and the contact pressure for the 
deviation of the linearity decrease with increasing temperature. The particular details 
are, however, different for the three different SiC ceramics, as discussed next. Fig. 
4.3a shows the evolution of the elastic moduli on the temperature, slowly decaying in 
the tested temperature range. This is indeed the type of trend previously observed in 
other polycrystalline ceramics.16-18 As a general consideration, a theory of the 
dependence of elastic constants with temperature was first proposed by Max Born in 
1954 in his book Dynamical theory of crystal lattices.19 In essence, this dependence 
was claimed to arise from the variations of the lattice potential energy, showing 
dependence of T-1 at temperature range studied here. Later on, these factors have 
been subjected to debate and corrected in works published by Wachtman20 or 









Figure 4.2.- Indentation stress-strain curves of (a) α-SiC, (b) β-SiC, and (c) nano-β-
SiC at temperatures in the range 25-850 °C. The points are experimental data, and 




For α-SiC and β-SiC ceramics, both E values at room temperature (390-425 GPa) 
and their decay with temperature are similar to those observed for pressureless 
LPSed α-SiC with comparable amounts of sintering additives additives.13 In that work, 
an α-SiC based ceramic with 5 wt.% of sintering additives (Al2O3:Y2O3) mostly forming 
YAG, with an average particle size for SiC of 1.9 μm, showed  E ~400 GPa. However, 
in the case of the nano-β-SiC, E is lower and remains practically constant up to 
700 °C (E~335 GPa). At 850 °C, E becomes similar for the three materials, which 
suggests the activation and relevance of the reversible grain-boundary sliding.16,17 It is 
also seen in Fig. 4.3a that β-SiC is slightly stiffer than α-SiC, which agrees with data 
for pure single crystals where E varied, depending on the crystallographic direction, 
from 280 to 510 GPa and from 340 to 510 GPa, for α-SiC and β-SiC, respectively.22 
Even though nano-β-SiC specimens are only comprised of β-SiC grains, it is 
nevertheless less stiff than α-SiC due to its higher content of compliant secondary 
phase (14.2 wt.% for nano-β-SiC and 9.1 wt.% for α-SiC, Table 3.1). Note that E 
measured by instrumented Vickers indentation at 50 N (Table 3.5) at room 
temperature were 392 ± 16, 430 ± 25, and 350 ± 7 GPa for α-SiC, β-SiC, and nano-β-
SiC, respectively, which lends strong credence to those determined by Hertzian 
indentation. 
It is observed in Fig. 4.3b that for the three materials the yield stress decreases 
progressively with increasing temperature. This is a reasonable tendency because 
quasi-plasticity in LPSed SiC generally occurs by shear-faulting along the weak 
interfaces facilitated by the increased thermal energy.13 α-SiC systematically exhibits 
much lower yield stress than the other two finer-grained ceramics, β-SiC and nano-β-
SiC, of similar grain sizes, d50 = 0.54 and 0.44 μm (Chapter 3), respectively, which is 
then attributable to a higher tendency to undergo shear faulting because of its coarser 
microstructure (d50 = 1.1 μm);8,9 indeed, shear faulting phenomena are more prone to 
occur in the presence of slip planes and weaker interfaces, both of which are more 
likely to occur in the case of microstructures showing larger grain sizes. In addition, α-
SiC shows a yield stress temperature decay similar to coarse pressureless LPSed 
SiC;13 specifically, a decay of approximately 0.1 GPa over each 100 ºC for T < 800 ºC 
in both the pressureless-sintered and the SPSed SiC materials is observed. On the 
other hand, the finer-grained β-SiC and nano-β-SiC show a faster decay in the yield 
stress with temperature due to the grain-boundary weakening, apart from similar yield 
stress values themselves despite the latter having a 5 wt.% higher amount of 





yield stress of the present LPSPSed SiC ceramics, with differences in secondary 
phase content of 5 wt.% just playing a minor role.  
 
 
Figure 4.3.- Dependence of the (a) elastic modulus and (b) yield stress of α-SiC, β-
SiC, and nano-β-SiC with the temperature in the range 25-850 °C. The points are the 




The critical loads for the initiation of quasi-plasticity were calculated from the Y values 
experimentally determined, using the relation derived for the Hertzian mechanical 
contact:1,3 






ሺߨ1.1ܻሻଷݎଶ        (2) 
where Y is in turn calculated from the contact pressure at which the experimental 
indentation curve deviates from linearity (pY) using the expression pY ≈ 1.1 Y; again, 
the error in PY was calculated by error propagation in the expression. 
On the other hand, the critical loads for the onset of fracture in the form of ring/cone 
cracking (PC) were taken as the lowest applied load at which such damage was 
observed during the post-test observation of the specimens; the error in PC was 
considered to be the difference between that load and the preceding one in the test 
sequence (i.e., error bars plotted only in the minus direction). 
Fig. 4.4a shows the critical loads for the initiation of quasi-plasticity and fracture 
(specifically ring/cone cracking) in α-SiC, β-SiC, and nano-β-SiC as a function of 
temperature. Logically, PY decreases with increasing temperature because it is 
computed analytically from the experimentally-measured E  and Y  values according 
to the functional dependence Y3·E-2, as inferred from Eq. (3), thus resembling the 
temperature dependence of Y. On the other hand, as shown in Fig. 4.4b, nano-β-SiC 
is the least prone among the three ceramics to ring/cone cracking. Indeed, apart from 
these higher critical loads, nano-β-SiC always exhibited less ring/cone cracks than α-
SiC or β-SiC under the same applied load and, in addition, they were normally 
incomplete. Considering that PC satisfies the expression of Eq. (3) defined by Lawn:1 
 ஼ܲ ൌ 8.63 ൉ 10ଷ ൉ ܭூ஼ଶ ൉ ݎ ൉ ܧିଵ	         (3) 
this behavior could be explained by the lower E (Fig 4.3a) of nano-β-SiC as well as a 
higher toughness. In fact, as it is also shown in Fig. 4.4b, the toughness values 
calculated from PC using Eq. (3) increase as the particle size of starting SiC particles 
decreases. The higher toughness of the nano-β-SiC can be is attributed to the slightly 
greater aspect ratio of the SiC grains and the higher number of graphene flakes at 
grain boundaries that would increase the effectiveness of the crack-bridging 
mechanisms.  For the three ceramics, the critical loads for ring/cone cracking 
decrease appreciably with increasing temperature above 400 °C, a trend that indeed 





related with a slight increase of defects in the multilayered graphene flakes located at 
grain boundaries, inferred from the observed increase in the intensity ratio of the D to 
G Raman bands of graphene on the surface of the nano-β-SiC specimen after the 
Herztian test. This ratio is 0.55 up to 400 °C, but increased up to 0.65 at temperatures 
above 700 °C (Fig. 4.5).  
 
 
Figure 4.4.- Dependence of the critical load for the initiation of (a) quasi-plasticity and 
(b) ring/cone cracking in α-SiC, β-SiC, and nano-β-SiC with the temperature in the 
range 25-850 °C. Points are experimental data, and solid curves are guides to the 

















Figure 4.5.- Ratio between the Raman intensity of the D and G bands (ID/IG) of 
graphene (in area) as a function of the testing temperature for the Raman analyses 
done on the surface of the nano-β-SiC specimen after the Herztian tests. 
Toughness of α-SiC decays slower with temperature compared to the other two finer-
grained ceramics because of the slightly lower amount of secondary phase and the 
larger size of the graphene flakes that leads to a lesser abundance of interfaces; 
therefore, an attribute that makes it less tough at room-temperature could contribute 
to toughen it at high-temperatures. Interestingly, nano-β-SiC exhibits a brittle-to-
ductile transition at ∼400 °C, when PC>PY occurs, with fracture no longer being the 
first damage mode above that temperature. β-SiC and α-SiC are however brittle in the 
entire temperature range investigated in the present study, with cone/ring cracking 
occurring always at lower critical loads than quasi-plasticity. SPSed SiC materials 
present generally much finer microstructures than their conventionally sintered 
counterparts; this microstructural refinement implies a tendency to brittleness being 
different from what has been reported for pressureless LPSed SiC ceramics, which 








4.2.- Electrical properties at the micro- and the macro-scales 
Increasing the electrical conductivity of structural ceramics is fundamental in many 
technological issues, for instance for applications that require static charge dissipation 
in mechanical devices or for manufacturing miniaturized complex components using 
the electro-discharge machining (EDM) technique.23-25   
There are two main facts that can affect the electrical conductivity of present SiC 
materials sintered by SPS. One is the in-situ growth of graphene flakes at the SiC 
grain boundaries and the other is the possible doping of SiC grains, both 
simultanerously occurring during sintering. From the electrical conduction viewpoint, 
SiC is a semiconductor with fairly large band gap energies ranging from ∼2.4 to 
3.4 eV, depending on the structural polytype,26,27 thus exhibiting low electrical 
conductivity (σ). However, SiC-based ceramics can be tailored to display very diverse 
σ values within a range from 10−9 to 105 S m−1,28-36 depending on the type of doping, 
often resulting from sintering additives. In this sense, the case of sintering additives 
containing nitrogen (N) is especially significant, since N atoms can be incorporated 
into the SiC lattice substituting for carbon (C) during sintering,37 creating a donor level 
within the bandgap. The highest σ reported for N-doped SiC (3 × 104 S m−1) was 
obtained using 19 wt.% yttrium nitrate (Y(NO3)3·4H2O) as sintering aid.29 High 
conductivities are also obtained with additive systems based on AlN (e.g. 
2 × 103 S·m−1 for AlN–RE2O3, RE = Y, Er).30,31 Comparatively lower σ values (in the 
range 10−9-10−1 S·m−1) were reported when employing only oxide additives such as 
Y2O3 and Al2O3,28,32-34 depending on the dopant concentration and nature, location 
and thickness of grain boundaries. 
As shown in Fig. 4.6, the dc electrical conductivity, measured at room temperature, is 
affected by the type of starting SiC powders, ranging from 6.4 × 10−4 S·m−1 for the α- 
SiC material up to a 6 orders of magnitude higher value (σ = 33 S·m-1) for the nano-β-
SiC material, all of them SPSed at the same temperature of 1800 ºC. All these 
samples are fully dense ceramics, so no variations in their final electrical conductivity 
can be inferred owing to effects of porosity; besides, all these specimens are 
comprised of a similar amount of in-situ grown graphene flakes (~3 vol.%), as it was 
previously described in Chapter 3. Therefore, the significant increase in the electrical 
conductivity observed for the β-SiC and the nano-β-SiC materials should be explained 
in terms of the smaller flake size of graphene in the case of their more refined 




as the most possible doping of SiC grains by Al atoms from the grain boundary phase 


















Figure 4.6.- Electrical conductivity (σ) for the three SiC materials SPSed at 1800 ºC. 
The Raman shift value of the the TO band is also included within the columns. 
 
Undoped SiC plainly exhibits characteristic vibrational optical Raman modes, namely 
the transverse mode (TO) at 796 cm−1 and the longitudinal mode (LO) at ~978 cm-1. 
However, the intensity of the LO mode decreases in doped-SiC and the TO mode is 
overlapped with a characteristic shoulder at Raman shifts above 800 cm-1 (as 
discussed for Fig. 3.22). As it is shown in the average Raman spectra of the three 
samples, shown in Fig. 3.7, the nano-β-SiC material is clearly doped because the LO 
mode almost disappears; this higher doping level is attributed to the more elevated 
amount of liquid phase associated with its higher oxygen content (Table 3.1) and the 
improved reactivity of nanosized powders, which enhance its sintering and grain 
growth kinetics by promoting solution-precipitation processes. A certain level of 
doping for the β-SiC can also be inferred from the lower intensity ratio between the 







Considering that SiC grains may result doped during sintering due to the presence of 
elements like Al at sintering temperatures of as high as 1800ºC, identifying the 
conducting phases of these ceramics is of paramount relevance. With the aid of 
atomic force microscopy (AFM) in its conventional topographic and conducting (C-
AFM) modes, it has been confirmed that the conduction path occurs along the 
percolated network of few-layered graphene located at intergranular positions in the 
case of the low doped α-SiC material. Simultaneous topographic images z(x,y) and 
current maps I(x,y) taken over the same region at a fixed voltage permitted the 
correlation between the morphological features and the conducting response even at 
large scales. This procedure allowed ascribing flat low regions to the SiC matrix, and 
areas of obviously conductive character with varying sizes to FLG emerging between 
the matrix grains. According to the employed configuration, in which the current must 
flow between tip and a millimeters apart macroscopic counter-electrode, the fact of 
measuring electronic current implies the existence of a conductive path within the 
composite that makes it electrically conducting. As a revealing example, a couple of 
FLG flakes are shown in Fig. 4.7. The layered morphology of the FLG can be seen in 
the lower piece of Fig. 4.7a (see arrow), exhibiting a strikingly homogeneous 
conductive response (Fig. 4.7b). The flake thickness estimated for the isolated FLG 
shown in Fig. 4.7c is approximately 4 nm (Fig. 4.7d), but a variety of flakes with 
thickness ranging between 1 and 10 nm were found in agreement with the Raman 
data and FESEM and HRTEM images presented in Chapter 3. The linear I-V curves 
recorded at such FLGs (Fig. 4.7e) confirmed the presence of an interconnected 3D 
network of conductive FLG throughout the entire SiC composite and explains its 
higher electrical conductivity compared to similar materials sintered by conventional 





Figure 4.7.- AFM and C-AFM on α-SiC: (a) topographic image showing the inter-grain 
location of two epitaxial graphene flakes. The total color scale (dark for low and bright 
for high values) spans 20 nm. (b) The simultaneously measured current map, 
obtained at Vtip = −1.5 V, shows a clear correlation between FLG and conducting 
regions (Imax = −40 pA). Note that because of I < 0 for Vtip < 0, conducting FLG appear 
as dark patches (negative values) in the current map. (c) Topographic image of a 
triangular shaped FLG with lateral size ∼70 nm and thickness lower than 4 nm (d). (e) 
I-V curve obtained after averaging 20 curves taken at different conducting FLGs. 
 
Similar measurements done on β-SiC and nano-β-SiC samples indicate that I-V 
curves taken at the β-SiC grains (Fig. 4.8) show slightly more current for positive than 
for negative voltages (p-type doping). Even though presenting different resistivity 
most SiC grains do conduct at the applied voltage (-2V) in the nano-β-SiC material 
except some percentage of smaller grains. These resistive grains probably 
correspond to original β-SiC particles whereas larger ones have grown during 
sintering by a solution-precipitation process favoring Al atoms entering in solid 
solution within the SiC grains, explaining their p-type doping. Despite there is not a 
significant increase in the mean grain size (i.e. 0.54 μm vs. d50=0.50μm for the 





grains above 1 µm which confirms the occurrence of solution-precipitation processes 
and the subsequent doping also in this material.  
 
Figure 4.8.- Characteristic IV curve obtained on the surface of a matrix grain of the 
nano-β-SiC sample.  
Considering the ease doping of the nano-β-SiC, new SPS tests were performed at 
increasing set-point temperatures, up to 1950 ºC. Interestingly, an increment on the 
SPS temperature of 150 ºC, keeping constant the rest of the SPS parameters, led to 
a remarkable σ value of 935 S·m-1 that corresponds to an improvement on this 
parameter of ~2700% as compared to the material SPSed at 1800 ºC (Fig. 4.9). 
Besides, it seems that this improvement follows a linear temperature dependence in 
the logarithmic scale, as pointed out by the plot in Fig. 4.9. This increment in σ can be 
explained mainly by SiC doping promoted by the high temperature attained, although 
the in-situ FLG content also increases from 2.9 vol.% at 1800 ºC to 3.6 vol.% at 1950 
ºC. These consuctivity values are significantly higher than those obtained for Al-
doped SiC ceramics LPSed with the same additives system, which are in the range of 
~10-3-10-4 S·m-1, being ~ 5 orders of magnitude lower than the doped nano-β-SiC 
materials.33 In the case of the present undoped -SiC material, the graphene network 




















i) Hertzian indentation tests have shown significant differences on the pre-creep 
contact mechanical properties of LPSPSed graphene/SiC composites prepared 
in-situ from different SiC powders. α-SiC and β-SiC materials show brittle cone-
crack damage in the whole temperature range studied, but nano-β-SiC 
materials show a brittle-to-ductile transition below 700 ºC. 
ii) The yield stress and the resistance to quasi-plasticity increase with the 
microstructural refinement, whereas the presence of multilayered graphene at 
the grain boundaries significantly increases the resistance to cone/ring cracking 
and the toughness. 
iii) The formation of an in-situ graphene-like conducting network within the SiC 
matrix is inferred using a combination of macro (dc electrical conductivity) and 
micro (c-SFM) characterization techniques. 
iv) The in-situ grown graphene/SiC ceramic nanocomposites exhibit electrical 
conductivity values of 935 S·m−1, larger than those obtained for similar SiC 






v) P-doping during sintering highly contributes to the electrical conductivity 
enhancement of composites SPSed from    β-SiC powders, especially for 
nanosized starting powders. 
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As briefly explained in Chapter 1, graphene is known to exhibit outstanding transport 
properties. In particular, thermal and electrical conductivities of pure single-layer 
graphene have been reported to achieve exceptionally elevated figures in its basal ab 
plane, reaching 5000 W·m-1·K-1 for the thermal conductivity, and an electron mobility 
of 2x105 cm2·V-1·s-1. Even so, in the case of multilayered graphene flakes, these 
figures tend to be impaired due to boundary scattering phenomena, especially for the 
thermal conductivity, as well as the most likely presence of defects, leading to values 
that resemble more those of graphite. Regardless of this deterioration of transport 
phenomena as compared to pure graphene, GNPs have already come into sight as 
appealing fillers for the thermal and electrical functionalization of ceramic materials. 
The present Chapter is, hence, devoted to the analysis of the thermal and electrical 
transport mechanisms of bulk GNPs/SiC composites. The study has been performed 
as a function of temperature and GNPs content, where the orientation of the 
nanoplatelets was taken into account for parallel and perpendicular measurements. 
Besides, models for the conduction mechanisms have also been proposed. 
 
5.1.- Thermal properties of graphene/SiC composites 
SiC ceramics can be classified as thermally conductive, since monocrystalline pure 
SiC exhibits a room temperature thermal conductivity of 490 W·m-1·K-1.1 However, 
their polycrystalline nature and the presence of grain boundary phases and solid 
solutions associated to the use of sintering additives diminish their effective capability 
to transport heat fluxes due to increased phonon scattering processes. In fact, the 
highest values reported for SiC ceramics at room temperature are within the range 
252-270 W·m-1·K-1 using BeO as a sintering aid;2,3 whereas lower values, in the range 
between 30-90 W·m-1·K-1, are usually reported for LPS-SiC ceramics when using Al-
containing sintering aids4-6 since Al atoms easily penetrate in the SiC lattice7,8 forming 
a solid solution that impairs thermal transport.  
Due to the high thermal conductivity of graphene, GNPs and rGOs have been used 
for the thermal functionalization of ceramic materials, as shown in Subsection 1.5.2 in 
Chapter 1 of the present PhD Thesis where a review was given. It is noteworthy to 
point out that, in those reported works, the preferential orientation of the nanoplatelets 
during pressure-assisted sintering processes induced a high degree of thermal 
anisotropy. Consequently, in this thesis, the thermal properties of the bulk GNPs/SiC 




perpendicular to the SPS pressing axis. Besides, the temperature dependence on the 
thermal conductivity in the parallel direction will be assessed. 
The  data of the specimens were first measured in the directions parallel and 
perpendicular to the SPS pressing axis (Fig. 5.1) by the laser-flash method (A.2.9). 
Thermal diffusivity in the through-thickness direction, parallel to the SPS pressing axis 
(α||), was measured in an Ar atmosphere as a function of temperature, from 298 to 
1073 K; whereas measurements in the in-plane direction, perpendicular to the SPS 
pressing axis (α), were developed only at room temperature, due to limitations of the 
equipment, using a special arrangement (Fig. A.2.5). 
 
Figure 5.1.- Diagram of the arrangements used for thermal diffusivity measurements 
in the directions perpendicular (α٣) and parallel (α||) to the pressing axis of the SPS, 
also referred to as the in-plane and through-thickness, respectively  
Then, KT is calculated from α, ρ and the specific heat (CP) of the materials using the 
following expression: 
KT = α ⋅	ρ ⋅	Cp          (1) 
The thermal diffusivity values at room temperature for the graphene/SiC composites 
as a function of the GNPs content (0, 5, 10 and 20 vol.%) are displayed on Fig. 5.2. 
The α behavior is clearly anisotropic, with increasing values of the rate α /α|| as a 
function of the GNPs content from 1.5 to 3.5. The in-plane thermal diffusivity 
increases from 0.30 cm2·s-1, for the monolithic material, to ~0.42 cm2·s-1, for 
composites containing 20 vol.% GNPs; whereas the corresponding through-thickness 
thermal diffusivity decreases from 0.20 to 0.12 cm2·s-1. Significantly, even the 






Figure 5.2.- Room temperature  values for the different composites considering the 
through-thickness (||) and in-plane () directions. Errors represent the estimated 
accuracy of the laser flash technique being ~5% for parallel diffusivity data and the 
standard deviation of the values for the perpendicular diffusivity. 
The specific heat of the composites as a function of temperature was calculated by 
the rule of mixtures from the chemical composition and the heat capacity data of each 
phase using the HSC Outokumpu database.9 For the GNPs, values taken for Cp into 
the rule of mixtures were well approximated by those of graphite, as measurements 
were done above room temperatures (differences in the Cp between graphene and 
graphite arise at much lower temperatures).10 In Fig. 5.3, results for the Cp 
calculations corresponding to the monolithic SiC material and the composites 
containing 5, 10 and 20 vol.% of GNPs (3.40, 6.95, and 14.30 wt.%, respectively) are 
plotted as a function of temperature. It can be seen that Cp increases with 
temperature and the amount of GNPs, the latter becoming especially significant 
above 500 K. Lines in Fig. 5.3 represent the fittings justified by the Bose-Einstein 
distribution, whose quality factor is above 99.93% in all cases, according to Eq. (2): 





Figure 5.3.- Cp values of the GNPs/SiC composites as a function of the GNPs content 
calculated from the chemical composition and the heat capacity data.9 Curves 
represent the fittings according to a Cp ~ A · exp (-C/T) model. 
The room temperature thermal conductivity values of the different materials, 
calculated from Eq. (1), for the through-thickness (KT||) and the in-plane (KT) 
directions are shown in Fig. 5.4. KT values augment with increasing amounts of 
GNPs from ~65 W·m-1·K-1, for the monolithic material, to ~84 W·m-1·K-1, for 
composites containing 20 vol.% GNPs, which corresponds to a ~29% increase. 
However, an opposite trend was observed for KT|| measurements, ranging from ~43 to 






Figure 5.4.- Room temperature thermal conductivity (KT) of the composites plotted as 
a function of the GNPs content for the through-thickness (KT||) and in-plane (KT) 
directions. Lines correspond to the model predictions according to Eqs. (7) and (8). 
A wide range of KT values, between 30 and 270 W·m-1·K-1, can be found in the 
literature for SiC-based materials,2-6,8,11-17 depending mainly on the nature of the grain 
boundary phases and the solid solutions within the SiC lattice. To theoretically explain 
KT values, phonons are assumed to be responsible for thermal conduction of SiC 
ceramics, as the electronic contribution (estimated with the Wiedemann-Franz law 
and the electrical conductivity) is negligible even in the case of the most electrically 
conductive ceramics. The lattice thermal conductivity can be expressed according to 
the kinetic theory of gases as:18 
ܭ் ൌ ଵଷ ׬ ܥ௩ሺ߱ሻ ൉ ߣ
௙ಾ
଴ ሺ߱ሻ ൉ ݒሺ߱ሻ	݂݀      (3) 
where Cv is the heat capacity per unit volume,  is the phonon group velocity of 
acoustic phonons (speed of sound in the material), is the phonon mean free path, 
and ω is the phonon frequency considering that the phonon gas is vibrating in a range 
between 0 and the Debye frequency. There are generally three main types of phonon 
scattering: boundary (b), impurity (i), and phonon–phonon (p-p) interactions and, 
additionally, phonon-electron (p-e) interactions as in doped SiC. The effective mean 













ఒ೛ష೐ሺఠ,்ሻ  (4) 
being the inverse sum of the different effective mean free paths associated to the 
different scattering processes. At very low temperatures, much lower than the Debye 
temperature, boundary scattering dominates over other processes and the phonon 
mean free path is constant and limited by the crystal boundary. Impurity scattering is 
highly frequency-dependent and dominates at intermediate temperatures, in the 
range where the thermal conductivity reaches a maximum, usually at approximately 
1/10 of the Debye temperature. Substitutional solute atoms scatter phonons as a 
result of differences in atomic masses, in atomic binding forces, and lattice distortion 
introduced by the presence of the solute. However, its effect on the thermal 
conductivity diminishes at higher temperatures because phonon-defect scattering is 
almost independent of the temperature, becoming less important as compared to 
phonon-phonon scattering, which increases with temperature. 
In this way, the thermal conductivity of SiC materials is usually reduced in the case of 
LPSed-SiC ceramics as a consequence of the creation of a complex distribution of 
defects introduced by variable SiO2 amounts present in the native oxide layer of SiC 
powders or Al2O3 (currently used in the sintering additive system formulation). 
According to the models proposed by Zhou et al.,8 SiO2 and Al2O3 would induce the 
following defect reactions when dissolving into SiC: 
SiO2 → SiSi + 2 OC + VSi 
Al2O3 → 2 AlSi + 3 OC + VSi 
producing defects such as aluminum in a silicon site (AlSi), silicon vacancies (VSi), or 
oxygen in carbon sites (OC). Abeles,19 back in 1963, analyzed the effect of phonon-
defect scattering on KT obtaining, at room and intermediate temperatures, a 
temperature dependence of the type: 
ܭ் ൌ ଵ஺√୻்ା஻்         (5) 
where A and B are constants, and  is the scattering cross section which strongly 
depends on the local mass difference (M/M) and lattice mismatch (/) produced 
by a certain fraction (X) of lattice sites occupied by the impurity:  
Γ ൌ ܺሺ1 െ ܺሻ ൤ቀ୑୑ ቁ
ଶ ൅ ߳ ቀ ቁ





In the case of vacancies, the term (M/M) is especially significant.  
Moreover, the secondary phase at the grain boundaries (~5 vol.%) would also limit 
the heat transport as it forms a continuous grain boundary phase (see example cases 
in Fig. 5.5) consisting of a mixture of low thermal conductivity phases, i.e. YAG/YAP 
(~ 9 W·m-1·K-1)20 and amorphous phases (~1.2 W·m-1·K-1)21. 
 
Figure 5.5.- (a) FESEM micrograph of the ceramic matrix of a 5 vol.% GNPs/SiC 
composite and (b) HRTEM micrograph of a GNPs-free SiC sample where a grain 
boundary phase containing Y and Al, and SiC were identified by EDS. In both cases, 
a continuous grain boundary phase is observed. 
As for the effect of aligned GNPs, measurements performed in other ceramic 
matrices reproduce quite well a similar anisotropic behavior to that observed for SiC. 
In the case of Si3N4-based ceramics, increases in thermal conductivity in the in-plane 
direction from 40 to 61 W·m-1·K-1 (~52% increase, from 0 to 10 wt.% GNPs)22 and 
from 20 to 38 W·m-1·K-1 (~90% increase, from 0 to 16.7 vol.% GNPs),23 for HPed with 
AlN-Y2O3 and SPSed with Al2O3-Y2O3 samples, respectively, were recorded. These 
increases were higher than in the present case of SiC (~29%), probably because the 
absolute values for the monolithic ceramics were already higher in the case of SiC. In 
the direction parallel to the pressing axis, analogous decreases in thermal 
conductivity have been reported for 10 wt.%-containing SPSed Al2O3 composites 
(with a ~38% decrease from 31.6 to 19.7 W·m-1·K-1),24 and for 10 wt.% containing 
GNPs/Si3N4 (20-30%, from ~28 to ~20 W·m-1·K-1 for HPed composites,22 or from ~18 
to ~14.5 W·m-1·K-1 for SPSed composites).23 This decrease for the present case of 




The KT/KT|| ratio was employed for the evaluation of the thermal anisotropy of the 
GNPs/SiC composites. As for thermal diffusivity, a high degree of anisotropy is 
indeed observed, presenting a KT/KT|| ratio that evolves from 1.5, in the case of the 
monolithic material, to 3.4, for the composite with 20 vol.% GNPs (Fig. 5.6), thus 
increasing with the GNPs contents linked to their orientation with respect to the 
pressing axis (Fig. 3.23). These ratios are significantly lower than the intrinsic ratio for 
highly-ordered graphite (comparable to GNPs), which is between 200 and 300.25 The 
higher KT/KT|| ratio at high contents for SiC compared to similar Si3N4 composites 
(plotted by a dashed line in Fig. 5.6) is believed to be due to the bigger size, and also 
aspect ratio, of the GNPs used in the present PhD Thesis (10-20 nm thickness, and 
14 µm in the basal plane) as compared to that work (~1 nm thickness, and 0.2 µm in 
the basal plane).  














Figure 5.6.- KT/KT|| ratio as a function of the GNPs content. Unfilled squares linked by 
a dashed orange line represent the corresponding values for GNPs/Si3N4 composites 
with a similar Al2O3-Y2O3 system.23 
The anisotropy of the monolithic composite could be attributed to both the formation 
of in-situ grown graphene flakes at the SiC grain boundaries as well as possible 
directional growth of the SiC grains during SPS due to the application of uniaxial 
mechanical pressure (50 MPa). Compared to the anisotropy of similar GNPs/Si3N4 
composites, also plotted in Fig. 5.6,23 the presence of in-situ grown graphene in SiC 





Considering the elevated degree of anisotropy, a simple model of thermal resistances 
is proposed for the interpretation of the in-plane and through-thickness conductivities 
of the composites. In this way, the structure of these composites can be regarded as 
two distinct phases, the ceramic matrix and the dispersed GNPs, arranged as series 
or parallel thermal resistances for the heat flow when measuring in the through-
thickness and in-plane directions, respectively. Thus, being VGNP the volume fraction 
of GNPs, and KGNP||, KGNP, Kcm|| and Kcm the intrinsic thermal conductivities of the 
GNPs and the ceramic matrix (cm) in the through-thickness (||) and in-plane () 
directions, the following relationships in Eqs. (7) and (8) are proposed: 
ܭ்||
ିଵ ൌ ܸீ ே௉ܭீே௉||
ିଵ ൅ ሺ1 െ ܸீ ே௉ሻܭ௖௠||
ିଵ ൌ ܣ||ିଵܸீ ே௉ ൅ ܤ||ିଵ   (7) 
ܭ் ൌ ܸீ ே௉ܭீே௉ ൅ ሺ1 െ ܸீ ே௉ሻܭ௖௠ ൌ ܣܸீ ே௉ ൅ ܤ     (8) 
being the A constants the fitted parameters, equivalent to: 
 ܣ||ିଵ ൌ ܭீே௉||
ିଵ െ ܭ௖௠||
ିଵ
         (9) 
ܣ ൌ ܭீே௉ െ ܭ௖௠          (10) 
and the B constants fixed parameters depending on the thermal conductivity of the 
ceramic matrix (Kcm|| = 43 W·m-1·K-1 and Kcm = 65 W·m-1·K-1), defined as: 
ܤ|| ൌ ܭ௖௠||           (11) 
ܤ ൌ ܭ௖௠           (12) 
Consequently, KGNP|| and KGNP remain as unknown variables to be deduced from the 
KT data fittings. These equations model the approximation of the case where totally 
parallel or totally series equivalent thermal resistances are simulated for the two 
phases. This is a reasonable choice grounded in previous patterns26 for flat-plate-like 
dispersed phases, as GNPs, also assuming that an interfacial thermal barrier 
resistance between GNPs and the ceramic matrix is coupled to ܭீே௉|| . The GNPs are 
often bent and twisted, therefore, the GNP-SiC interfaces represent significant 
thermal barriers that might contribute to reduce the mean free path of phonons 
propagating within the composite in the parallel direction. In this way the value 




Table 5.1.- Results of the fitting of the conductivity data in Fig 5.4 according to Eqs. 
(7) and (8). 
Fitting A (W·m-1·K-1) B (W·m-1·K-1) KGNP (W·m-1·K-1) Fit quality (%)
ܭ்||  [Eq. (7)] 12.9 ± 0.6 43 9.9 ± 0.6 94 
ܭ்  [Eq. (8)] 87 ± 11 65 152 ± 11 98 
The parameters resolved from the fitting are collected in Table 5.1. The fitting curves 
from the proposed model are displayed in Fig. 5.4 showing a reasonably adequate 
fitting. From the values of the fitted parameters (A and A||), ܭீே௉ ൌ152 ± 11 W·m-1·K-
1 and ܭீே௉|| = 9.9 ± 0.6 W·m-1·K-1 are inferred. Similar values of 133 and 6.9 W·m-1·K-1 
for ܭீே௉  and ܭீே௉||  in the case of GNPs embedded within a Si3N4-matrix were 
obtained in a previous study.27 The slightly larger conductivity values predicted in both 
directions of anisotropy for the present GNPs according to the proposed models is 
attributed to the bigger size, and also aspect ratio, of the GNPs used in the present 
study. The present multilayered GNPs within the ceramic composites show similar 
thermal behavior to graphite but not to graphene (see Fig. 5.7 for a reference). In fact, 
topmost conductivities were reported for suspended graphene monolayers with KT 
values from 5000 to 2000 W·m-1·K-1,28,29 which coincide with computed estimations 
(2000 W·m-1·K-1),30 but tending to be smaller in the case of supported graphene 
(graphene supported on SiO2 exhibited 600 W·m-1·K-1).31 As seen in Fig. 5.7, the 
value deduced for the in-plane thermal conductivity is very close to those of 
polycrystalline graphite (200 W·m-1·K-1) at room temperature,25,28,32 almost one order 
of magnitude lower than highly oriented pyrolytic graphite (HOPG), which exhibits a 
KT value at room temperature of 2000 W·m-1·K-1,33 which can be explained because 
GNPs present defects, being twisted and bent within the composite. 
On the other hand, cross-plane conductivity of the pyrolytic graphite is 2-3 orders of 
magnitude smaller than in the in-plane direction (6-7 W·m-1·K-1) at room 







Figure 5.7.- KT of different bulk carbon allotropes as a function of temperature. Plots 
are based on commonly accepted values from reference 25, represented by 
Balandin.28 Arrows indicate the room temperature values obtained for the present for 
ܭீே௉  and ܭீே௉|| . 
It should be pointed out that the model predictions for the 5 vol.% GNPs/SiC 
composite slightly deviate from the experimental data in both measuring directions, 
which are closer than predicted to the monolithic figures. These deviations may be 
attributed to a weak connectivity of the GNPs network for such low GNPs. In fact, 
more accurate values (68 and 40 W·m-1K-1 for the effective in-plane and through-
thickness thermal conductivities as compared to the obtained 66 and 38 W·m-1K-1, 
respectively) are calculated for this material using the expression developed by 





ଵାଶ௥ା௏ಸಿುሺ௥ିଵሻ        (13) 
where r is the Kcm/KGNP ratio. 
In order to expand the comprehension of the thermal behavior of these composites 
above room temperature, || measurements were carried out up to temperatures of 
800 ºC (1073 K), as shown in Fig. 5.8, taking into account that the laser flash system 






Figure 5.8.- Through-thickness thermal diffusivity, α||, of GNPs/SiC composites as a 
function of temperature and GNPs content. Dotted curves are the fits to the data of 
each composite according to an α  A·T-B model. 
As it usually occurs for dielectric materials, diffusivity decreases monotonically with 
temperature in all of the composites (Fig. 5.8). At room temperature the phonon mean 
free path is mainly limited by impurity/defect scattering and phonon scattering 
processes, including three-phonon scattering and Umklapp processes; the latter  
become the limiting processes with increasing temperature.35 In this way, the 
allometric α  A·T-B approximation, with B usually lower than 1, is reasonable for 
patterning the effective decrease of diffusivity in dielectric materials.36 Actually, the fits 
for α|| shown in Fig. 5.8 (A·T-B model fits drawn as dotted lines) reveal that composites 
ranging 0-10 vol.% GNPs exhibit similar dependence with temperature with B values 
0.70 ± 0.03, whereas the composites containing 20 vol.% GNPs exhibit a slightly 
more rapid decay (B  0.78 ± 0.02).  
The experimental α|| (T) and the calculated Cp (T) data for the composites are used in 
Eq. (14) to calculate KT|| as a function of temperature, giving the values plotted in Fig. 
5.9. According to that equation, and introducing the corresponding temperature 
dependences of Cp (T) (well modelled by Eq. (2)) and α|| (T) (fitting the allometric 
relationship A·T-B), the following prediction for the dependence of the thermal 
conductivity on temperature can be inferred: 






Figure 5.9.- Through-thickness thermal conductivity, KT||, of GNPs/SiC composites as 
a function of temperature and GNPs content. Dotted curves are the fits to the data of 
each composite according to the model in Eq. (14). 
The dependence of the density with temperature is estimated by extrapolating the 
values at room temperature (ρ0) with the relation: 
ρ(T) = ρ0 / (1 + 3α∆T)         (15) 
where α is the thermal expansion coefficient of the composites. The thermal 
expansion coefficient was calculated from the slope of the expansion curves (Fig. 
5.10) for different GNPs/SiC composites, measured in the in-plane direction. As 
shown, in the temperature range 200-800 ºC, it is very similar, 4.3 x 10-6 K-1 for 0 and 
10 vol.% of GNPs, and slightly higher for 20 vol.% of GNPs (4.5 x 10-6 K-1). 
Considering these values, ρ/ρ0 can be well approximated as constant with 
temperature and equal to 1. 
Table 5.2 shows the results of the fitting for the four materials. The fittings 
corresponding to Eq. (14) are plotted as dotted lines in Fig. 5.9, showing good 
agreement with the experimentally determined thermal conductivity data. The strong 
dependence of Cp(T) with temperature (Fig. 5.3) in these SiC-based composites is 
very slowly counterbalanced by the weak temperature evolution of α|| (Fig. 5.9). As KT 
in the through thickness direction decreases with increasing amounts of GNPs both 















 SiC 2A5Y + 10% GNPs
 SiC 2A5Y + 20% GNPs
 
 
Figure 5.10.- Thermal expansion curves (dL/L0) for the 0, 10 and 20 vol.% GNPs/SiC 
composites as a function of temperature. 
 
Table 5.2.- Results of the fit for the through thickness thermal conductivity (KT||) 
according to the model KT  A · T-B · exp (-θ/T) (Eq. 14). 
GNPs content (vol.%) Fit Quality (%) B θ (K) 
0 98.3 0.91 ± 0.09 318 ± 42 
5 93.6 0.83 ± 0.16 300 ± 78 
10 89.1 0.62 ± 0.18 202 ± 89 
20 96.6 0.61 ± 0.12 164 ± 59 
 
It is possible to estimate the effective mean free path of the lattice vibrations in each 
material from Eq. (3) introducing the group velocity, estimated from ν ൌ ටܧ ߩൗ 	, where 
E and ρ represent the elastic modulus and the density at room temperature of each 
composite, respectively (E values were taken from Table 3.10). The resulting curves, 





dependence of λ|| with increasing amounts of GNPs, implying almost no contribution 
of GNPs to the KT||. Considering average values of ~10 nm for the GNPs thickness, 
an increment in the effective mean free path of the composites is not expected. In the 
in-plane direction λ is significantly increased showing, again, the anisotropic 
contribution of GNPs to the thermal conduction, and the possible connectivity 
between GNPs especially above 10 vol.% GNPs contents. 
 
Figure 5.11.- Estimation for the effective mean free path of phonons (λ), obtained with 
the elastic moduli of materials at room temperature, as a function of the GNPs 
contents for in-plane (λ) and through-thickness (λ||) directions. 
 
5.2.- Electrical properties of graphene/SiC composites 
In Subsection 4.2 in Chapter 4, the works published on the electrical conductivity of 
monolithic SiC-based ceramics were reviewed, concluding that σ values oscillated 
within the wide range from 10−9 to 105 S·m−1, mainly as a function of the type of 
doping that often result from the sintering additives employed for the densification 
process. Also, a succinct review on GNPs and rGOs employed for the electrical 
functionalization of ceramic composite materials was shown in Subsection 1.5.2, 
Chapter 1, of the present PhD Thesis. Most significantly, increments in the electrical 
conductivity of up to 14 orders of magnitude for insulating ceramic matrices have 
been reached when adding graphene-based sources, defining thresholds of 




As a clear lack is detected in the literature for SiC, a similar study to that carried out 
for thermal conductivity has been attempted for the electrical conductivity of the 
GNPs/SiC composites. For the electrical characterization, measurements were 
performed under variable temperature (278-523 K) in an air atmosphere, in the 
directions parallel (σ||) and perpendicular (σ٣) to the SPS pressing axis (Fig. A.2.7). 
For more details on the measuring system, see A.2.10. The room temperature 
electrical conductivity of the GNPs/SiC composites as a function of the GNPs content 
measured for the sample directions parallel (σ||) and perpendicular (σ) to the SPS 
pressing axis is shown in Fig. 5.12. 
 
Figure 5.12.- Room temperature electrical conductivity of the GNPs/SiC composites 
plotted as a function of the GNPs content for directions parallel (σ||) and perpendicular 
(σ) to the SPS pressing axis. Note the linear trend with slope ¼ for GNPs contents 
lower than 10 vol.%. 
Both σ|| and σ increase up to three orders of magnitude by addition of up to 20 vol.% 
GNPs in comparison to the monolithic SiC sample, confirming the expected effect of 
the GNPs of enhancing the electrical conductivity of the composites. The σ values in 
the direction perpendicular to the pressing axis (e.g. σ of 922 S·m-1 and 4378 S·m-1 
for samples with 10 and 20 vol.% GNPs, respectively, at room temperature) are 
comparable to those reported in the literature for 10 vol.% GNPs/Al2O3 (1300 S·m-1)37 
or 24 vol.% GNPs/Si3N4 (4100 S·m-1) composites.38 In the case of Si3N4 or Al2O3 
ceramics, which are electrical insulators (<10-8 S·m-1, at room temperature), the 





percolation–type behavior. In contrast, the graphene-like network formed in-situ 
during the SPS process (see Chapter 3, Section 3.2) and the possible doping of SiC 
leads to a much higher conductivity (σ|| = 0.81 S·m-1 and σ = 5.04 S·m-1 at room 
temperature) than that reported for monolithic SiC ceramics containing similar type 
and amount of sintering additives (σ < 10-7 S·m-1).39 Therefore, instead of the sharp 
increase of conductivity for a particular fraction of graphene (characteristic of 
percolation), Fig. 5.12 depicts an approximately linear trend (slope of 1/4) for log10 
vs. GNPs content for up to 10 vol.% GNPs. This trend deviates for higher GNPs 
content, which indicates a change in the type of phase connectivity as a result of both 
the nanoplatelet orientation and the increase in GNPs volume fraction. Consequently, 
the GNPs network dominates the overall behavior. In the case of Si3N4 insulating 
ceramics, a percolation threshold was observed for comparable GNPs contents,38 
indicating a similar change in the connectivity of platelets. 
As a first approximation to describe the compositional dependence of the conductivity 
of the composites, the general mixing rule is considered:40 
 ߪ௡ ൌ ܸீ ே௉ߪீே௉௡ ൅ ሺ1 െ ܸீ ே௉ሻߪ௖௠௡     (16) 
where ߪீே௉  and ߪ௖௠  are the conductivities of GNPs and the SiC-based matrix, 
respectively, and ܸீ ே௉ is the volume fraction of GNPs. The exponent ݊ accounts for 
the phase connectivity mode, being 1 for a parallel arrangement of both phases in the 
direction of the current flow, and -1 for a series arrangement. These are the two 
extreme configurations, and intermediate ݊  values correspond to mixed 
arrangements. 
Eq. (16) was thus used to fit the data in Fig. 5.12 in order to gain insight on the 
electrical behavior of the composites. The conductivity of the sample with 0 vol.% 
GNPs (σ|| = 0.81 S·m-1 and σ = 5.04 S·m-1) is assumed as ߪ௖௠  and was a fixed 
parameter in the calculations. This represents the electrical conductivity of a complex 
three-phase mixture comprising the SiC grains, the secondary phase, and the 
graphene formed in-situ during the SPS, as shown in Section 3.2 of this PhD Thesis. 
Since there is no direct measurement of the conductivity of GNPs, ߪீே௉௦ is left as a 
fitting parameter. In fact, ߪீே௉	 can vary significantly depending on the defect 
concentration and the orientation of the GNPs. As starting point for the fitting, and 
given the multilayered structure of the GNPs used in this PhD Thesis, values of 106 




direction, respectively, based on data from literature for GNPs or graphite-type 
materials.38,41,42 
Table 5.3 lists the results of the fits. The model reproduces the measured 
conductivities with very small deviations. The estimated σGNP are roughly constant for 
the three compositions, and about one order of magnitude higher for the 
perpendicular direction. The exponent n is positive and lower than 0.35 in all cases, 
which indicates a homogenous distribution of both phases (ceramic matrix and GNPs) 
ensuring parallel transport paths. On the other hand, the fact that n is distinctively 
smaller for the samples with 5 vol.% GNPs, and is similar for the samples with 10 and 
20 vol.%, suggests a change in the phase connectivity mode when the GNPs fraction 
increases from 5 to 10 vol.%.  
Table 5.3. Results of the fitting of the conductivity data in Fig. 5.12 according to the 
mixing rule expressed by Eq. (16).    

















5 38.1 1.00x106 0.19 6.93x10-6 8.66 9.83x104 0.21 3.76x10-5
10 922 9.92x105 0.30 3.59x10-4 159 8.89x104 0.34 7.46x10-4
20 4378 8.96x105 0.28 4.89x10-3 935 7.94x104 0.35 4.03x10-3
a  ݁ݎݎ݋ݎ ൌ ටหߪ௘௦௧௜௠௔௧௘ଶ െ ߪ௠௘௔௦௨௥௘ଶ ห     
It is quite remarkable that the factor of electrical anisotropy, i.e. the ratio σ/σ||, does 
not vary much with the GNPs content (between 4.5 and 6.2), including the monolithic 
SiC sample with no GNPs addition. This observation is not totally unexpected since 
the GNPs are oriented regarding the SPS pressing axis and the conductivity is 
determined, in all cases, by graphitic domains with intrinsic electrical anisotropy. 
There are, however, important differences that become significant when analyzing the 
effect of temperature on the conductivity. Data are plotted in Fig. 5.13 according to 
the variable range hoping (2D-VRH) model: 





where 0 is a pre-factor and B is the hopping parameter measuring the energy cost 
associated to the charge hopping between pristine graphene domains along the ab-
plane.38,43 The hopping parameter B is an indirect measurement of the purity degree 
of graphene. B is thus expected to be lower for materials with lower concentration of 
defects, since there is less energy needed for the charge hopping between the pure 
graphene domains (where the conduction mechanism is of ballistic-type). 
Despite the large difference in the magnitude of the conductivity of the various 
samples, Fig. 5.13 shows a weak temperature dependence, which is in excellent 
agreement with Eq. (17) (regression coefficients r2 > 0.998). The observation of two 
slopes for the high and low temperature ranges is a common feature for several of the 
present materials, with higher B values at high temperature. The origin for such 
apparent change in the conduction mechanism is likely to result from the coexistence 
of two parallel electrical paths, each characterized by a different B. It can be easily 
concluded from this assumption that the path with lower B predominates at low 
temperature, whereas the path with higher B, which eventually dominates the total 
conductivity above a certain temperature, shows a conductivity that increases at a 
higher rate with increasing temperature. The volume fraction of GNPs within the 
ceramic matrix and the conductivity of each electrical path, which are likely to change 
with increasing GNPs additions, must be considered to explain the existence of both 
the two regimes and the transition temperature between them. 
To continue the analysis, it is useful to separate the case of the composites with and 
without GNPs additions. In the composites with just the graphene grown in-situ (0 
vol.% GNPs), a certain orientation of the graphene flakes with respect to the SPS 
pressing axis cannot be discarded, and the properties (e.g. domain size and defect 
concentration) of the crystalline graphitic nanodomains formed during the SPS at the 
grain boundaries should depend on the percolation path of the pulsed current and the 
applied pressure (See Fig. 3.23 corresponding to FESEM micrographs of the fracture 
surface). The higher B for ||  than for   (Fig. 5.13, 0 vol.% GNPs) suggests a higher 
defect concentration in the graphene domains located at the grain boundaries parallel 
to the pressing axis than in the graphene domains of the perpendicular grain 
boundaries and, thus,  should indeed be higher than ||. As both types of grain 
boundaries co-exist in the material, the two slopes in the log() vs. T-1/3 
representation with a larger B value at high temperature suggest an increasing role of 
the parallel contribution with increasing temperature. Also, the more conductive 




highly resistive SiC grains when measuring in the direction parallel to the SPS 
pressing axis and, thus, the total resistance of the sample in this direction is 
essentially determined by the less conductive parallel grain boundaries. Indeed, the 
plot of log(||) vs.T-1/3 displays a single slope for the ceramic matrix (0 vol.% GNPs) in 
the entire temperature range, featuring the highest B value of all materials (31.7 K1/3). 
It should be noticed that the intrinsic electrical anisotropy of the in-situ graphitic 
nanodomains might also contribute to the observed electrical anisotropy of the 
ceramic material, assuming that these nanodomains tend to be aligned with their 
most conductive ab-plane perpendicular to the pressing axis. The similarity of the 
electrical anisotropy ratios (σ/σ||) for all the materials supports this assumption.   
The addition of GNPs introduces additional complexity to the previous case. Besides 
the strong enhancement of , the addition of more than 5 vol.% GNPs leads to one 
single slope with B  9.5 K1/3 (Fig. 5.13), much smaller than that for the composite 
without GNPs, indicating that the conduction is determined mostly by these fillers. In 
fact, the B value is equal to that estimated for GNPs/Si3N4 ceramic composites with 
up to 25 vol.% GNPs,38 where the dielectric nature of the Si3N4 matrix ensures that 
the electrical transport occurs only through the GNPs network. The lower B for the 
two samples with highest GNPs content also indicates a lower defects concentration 
for the GNPs than for the graphene grown in-situ, in agreement with the higher 
Raman ID/IG intensity ratio for the sample with 0 vol.% GNPs (0.58 vs. 0.25―0.33 for 
composites containing 5―20 vol.% GNPs, see Chapter 3). The transition from the 
two-slope to the one-slope temperature dependence observed between 5 and 10 
vol.% GNPs correlates well with the increase in the exponent n estimated through Eq. 
(16), also an indication of the change of the connectivity mode where the GNPs 
network prevails. 
A noticeable transition between 5 and 10 vol.% GNPs is also observed on the B 
values measured for ||. Contrary to the trend observed for , the composites with 10 
and 20 vol.% GNPs display two distinct slopes. At low temperature, with B  9.5 K1/3, 
the dominant contribution of the GNPs and the conduction along the basal plane of 
the nanoplatelets is denoted; and another slope at high temperature with higher B 
(27.9 K1/3 and 23.3 K1/3 for the 10 and 20 vol.% GNPs composites, respectively). 
This second slope may be seen as a hint of a larger contribution of the conduction 
across the c-axis of the GNPs, or of more defective graphene nanodomains aligned 






Figure 5.13.-  Temperature dependence of the electrical conductivity of the various 
GNPs/SiC samples plotted according to 2D-VRH model for the (a) perpendicular (σ) 
and (b) parallel (σ||) measuring directions. The lines are linear fits to the high (dashed) 
and low (solid) temperature ranges of the data, with indication of the corresponding B 
values.   
 
5.3.- Conclusions 
i) The major orientation of GNPs within the SiC matrix in the plane perpendicular to 
the pressing axis provides the composites with markedly anisotropic transport 
performance, in particular, the thermal conductivity is 1.5 to 3.4 times higher and the 




parallel direction. However, the GNPs-free composite also show anisotropic behavior, 
which was explained by a higher defect concentration in the graphene domains 
formed in-situ at the intergranular regions parallel to the SPS pressing axis 
ii) The addition of GNPs to SiC ceramics increases thermal conductivity in the in-
plane direction, but reduces the through-thickness thermal conductivity, due to the 
thermal resistance of the GNPs-SiC interfaces and the low thickness of added GNPs. 
iii) A simple model based on an equivalent thermal resistances system is proposed to 
model the effective through-thickness (series) and in-plane (parallel) thermal 
conductivities, estimating the KT value of the GNPs in the basal plane and along the 
c-axis in 152 and 9.9 W·m-1·K-1, respectively. 
iv) The GNPs augment the electrical conductivity of the composites in both directions 
up to three orders of magnitude as compared to the monolithic materials, reaching a 
maximum value at room temperature of  4380 S m−1 for composites with 20 vol.% 
GNPs. However, no percolation-type conductivity was detected because the 
monolithic material also exhibits high conductivity. A 2D variable range hopping 
mechanism is proposed with two competitive parallel conduction paths. 
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6.1.- Electrical properties of graphene/SiC ceramic scaffolds 
6.1.1.- Introduction: 3D architectures of graphene 
As analyzed in the previous Chapter, bulk GNPs/SiC composites exhibited enhanced 
transport properties as compared to GNPs-free SiC due to the more elevated thermal 
and electrical conductivities of the GNPs fillers. In addition, 3D architectures of 
graphene are of interest for a number of applications where high thermal and 
electrical conductivities are crucial, such as energy storage/conversion systems or 
supports for electrocatalysis membranes and gas sensors. Therefore, the significance 
of developing advanced materials that combine the transport properties of GNPs/SiC 
composites with the low density, high specific surface area or the feasibility of 
hierarchical designs is addressed in the present Chapter. The electrical conduction of 
such complex composite structures has been experimentally determined as well as 
simulated by using both a simple resistors model and the finite-elements method 
(FEM) to predict the scaffolds conductivity as a function of the GNPs content, the 
scaffold geometric parameters, the rod-to-rod contact area, and the conductivity of 
the single rods. 
The development of 3D cellular structures/networks of graphene and graphene 
composites is appreciated for a wide range of emerging applications such as energy 
storage/conversion,1-3 due to quite useful characteristics as thermal management 
capabilities or highly accessible surfaces,4 which allows the access of electrolytes to 
the conductive surface exhibiting a fast electron transfer when acting as electrodes. 
In 2011, the achievement of graphene foams grown by CVD using Ni sacrificial 
templates5,6 blazed a trail towards the fabrication of novel 3D-structured graphene-
based materials. 3D macroporous graphene networks have been created ever after 
by various methods (see a review in ref. 7), among others, direct templating cellular 
structures using these CVD methods (usually to subsequently anchor metal oxide 
nanoparticles such as MnO28 or Co3O4)9 by employing SiO2 aerogels as templates for 
CVD,10 self-assembling graphene sheets with a hierarchical structure,11 and ice 
templating methods.12  Robocasting has recently been employed as a 3D printing 
method for the creation of 3D structured GO microlattices13-15 of very low density (in 
the range 31-123 mg·cm-3) and electrical conductivity values of 87-278 S·m-1.13,14 
The combination in one material of the robustness and electrical and thermal 
conductivities of GNPs/SiC composites with the intrinsic characteristics of the 




have several potential advantages with respect to analogous graphene structures, as 
the ceramics would provide mechanical stability and also protection of graphene from 
wear damage, corrosion and thermal degradation. No attempts of embedding GNPs 
within 3D ceramic structures have been reported so far. Only a few tries of using a 
carbothermic reduction CVD process to grow graphene on Al2O3 foams,16 3D-
structured SiO2 porous materials,17 and cordierite substrates18 are known. These 
materials were intended as reservoirs with enhanced thermal management for phase 
change materials.19 
 
6.1.2.- Materials processing 
Scaffolds corresponding to the β7 composition, containing 0, 5, 10 and 20 vol.% 
GNPs, whose manufacture was described in Chapters 2 and 3, were employed for 
the electrical characterization. Cuboid lattices (13 x 13 x 10 mm3 size) were robocast 
through nozzles with 330 μm diameter for all compositions according to the computer 
design of Fig. 6.1a. As shown in Chapter 2, dried green structures were heated to 
burn-out the organics at 415 ºC for 1h in air. For the present study, even the GNPs-
free samples were subjected to those temperatures in order not to introduce 
variability among the different compositions. Afterwards, the 3D structures were 
sintered in the SPS furnace at 1800 °C for 5 min using the standard cycle. As usual, 
sintering runs for scaffolds were done in an Ar atmosphere. 
 
 
Figure 6.1.- (a) Patterned structure used for the scaffolds designing and (b) scheme 
of the contact area between two orthogonal rods in a unit cell of the structure, with the 





The macro-porosity of the scaffolds (Pscaf) was estimated from the void volume of the 
spanned structures using the characteristic dimensions of the scaffolds –h, a and Ø 
(Fig. 6.1b)- that correspond to the distance between two equivalent layers in the z 
direction (h), the distance between two adjacent rods (a), and the rod diameter (Ø), 
respectively: 
௦ܲ௖௔௙ ൌ 1 െ ௏ೞೖ೐೗௏೅ ൌ 1 െ
గ൉థమ
ଶ൉௔൉௛       (1) 
where Vskel and VT are the (skeleton) solid and (total) structure volumes, respectively.  
Values for the macro-porosity of the scaffolds –around 51% for all composites- do not 
depend on the sintering shrinkage (Fig. 6.2), whereas the total porosity (cells plus the 
skeleton) augments with increasing GNPs contents, reaching values of 72% for 
composites containing 20 vol.% GNPs, where the porosity of the skeleton calculated 
from Eq. (3) of Chapter 3 has been taken into account (Fig. 6.2). In this way, the 
scaffold density ranges from 1.6 to 0.9 g·cm-3 for GNPs contents from 0 to 20 vol.%. 
 
Figure 6.2.- Porosity for the ceramic skeleton versus graphene content, with 
corresponding macro- (dashed lines) and total (continuous lines) porosities of the 
scaffolds 
The 3D-graphene/SiC structures did not show any noticeable deformation after the 
sintering process. In Table 6.1, the lattice geometric parameters (h, a, and Ø) are 
given before and after sintering, which will be useful for modelling the electrical 
behavior of each sample, before and after sintering, and therefore the shrinkage of 




Table 6.1. Lattice parameters in the green state and after sintering for the different 
GNPs/SiC scaffolds. Data dispersion is ± 5 μm for all measurements. Seff is the 
effective contact area between adjacent orthogonal rods calculated from Eq. (5). 
Materials h (µm) Ø (µm) a (µm) Seff (µm2) 
Green state All 465 295 605 2.91x104 
Sintered state 
0 vol.% GNPs 360 230 475 1.80x104 
5 vol.% GNPs 390 250 510 2.15x104 
10 vol.% GNPs 410 260 530 2.26x104 
20 vol.% GNPs 435 275 570 2.50x104 
 
 
6.1.3.- Electrical characterization 
For the electrical conductivity measurements, the GNPs/SiC cuboid scaffolds were 
machined into rectangular shapes of ~10 × 10 × 7 mm3. Two silver electrodes, 
especially conceived for these structures, were attached on opposite faces of the 
scaffolds using silver paste (Agar 6302) to assure a good electrical contact, and 
connected to platinum wires to measure the conductivity in the directions longitudinal 
and transverse to the scaffold rods (see scheme of the setting in Fig. 6.3). In this way, 
the conductivity along the rod axis within the xy plane (σL), and in the transverse 
direction (σT) (xz plane) were measured. 
The impedance spectra (Fig. 6.4) display at high frequency the usual inductance due 
to the electric current in the platinum wires of the holder. At low frequency the 
impedance tends to a pure ohmic component that corresponds to the resistance of 
the samples. This resistance was used to calculate the conductivity through 







Figure 6.3.- Schematic illustration of the set-ups for σ measurements of the 
GNPs/SiC scaffolds in the longitudinal (σL) and transverse (σT) directions, as well as 
diagram showing the rods arrangement for σL and σT measurements. 
 
Figure 6.4.- Representative impedance curves corresponding to different samples: i) 
0 vol.% GNPs in the transverse orientation at room temperature, ii) 5 vol.% GNPs in 
the longitudinal orientation at 110 ºC, and iii) 20 vol.% GNPs in the longitudinal 
orientation at 165 ºC. Numbers in the plot (6,5,0) represent the order of magnitude of 




Fig. 6.5 shows higher electrical conductivity for the longitudinal orientation (σL) than 
for the transverse direction (σT) of the scaffolds. As expected, the electrical 
conductivity increases with the GNPs content, attaining σL and σT values in the range 
of 6-611 S·m-1 and 1-273 S·m-1, respectively. In agreement also with previous results 
on the electrical conductivity of GNPs/SiC bulk composites (Chapter 5), these 
scaffolds do not show any evidence for percolation-type conduction because of the 
high conductivity of the SiC matrix. The electrical conductivity values of the scaffolds 
favorably compare with values of 3D graphene aerogels (87-278 S·m-1), although 
aerogels obviously show much lower density.14 The electrical conductivity of the 
single rods, σrod, measured along the longitudinal axis for each composition using a 
four probe array on a Physical Properties Measurement System (PMMS), follows the 
same compositional trend as the 3D structures, but it is 5 and 10 times higher than σL 
and σT, respectively, with a maximum value of 2306 S·m-1 for the 20 vol.% GNPs/SiC 
rod (Fig. 6.5). The electrical anisotropy of the scaffolds (taken as the σL/σT ratio) is 
roughly constant (~ 2-4) and independent of the GNPs content and, thus, of the 
magnitude of measured conductivity, which varies more than 2 orders of magnitude 
between the four tested compositions. As σrod shows a similar trend with the GNPs 
content as the scaffolds (Fig. 6.5), differences between the conductivity measured in 
the longitudinal and transverse directions must be due to the different conducting 
paths for each measuring configuration.  


















Figure 6.5.- Electrical conductivity (σ) of the scaffolds as a function of the GNPs 
content for the longitudinal (σL) and transverse (σT) settings. The electrical 





It is noteworthy that the conductivity of the GNPs/SiC rods is higher than the values 
reported for printed, low density reduced graphene oxide filaments (~ 6 mg·cm-3) 
which is about 40 S·m-1.13 According to the temperature dependence of the electrical 
resistivity in the 2.5-370 K interval (Fig. 6.6), the ceramic skeletons exhibit a 
semiconductor behavior ascribable to a 3D-VRH variable range hopping mechanism. 
Therefore, this would indicate that charge carriers would move in all directions 
throughout the entire rods and for each GNPs concentration.  
 
Figure 6.6.- (a) Resistivity (ρ) versus temperature, and (b) variable range hopping 
(VRH) fitting for 3D-VRH measured in GNPs/SiC rods as a function of the GNPs 
vol.% content. In (b), points correspond to experimental data and the fittings are 
represented by lines. 
The rod conductivity data are compared with those obtained in the direction 
perpendicular to the SPS axis for dense bulk specimens of similar composition in 
Table 6.2. Firstly, the conductivity of the monolithic rod is three times higher than that 
of the bulk specimens (17.3 versus 5.1 S·m-1), despite it does not show any evidence 
of in-situ formed graphene, which can be explained by a high level of doping in these 
structures as demonstrated by Raman spectroscopy (Fig. 3.37). A maximum σ of 
4380 S·m-1 was achieved for bulk composites containing 20 vol.% GNPs for current 
flowing along the direction of the preferential alignment of the GNPs. This conductivity 
is about twice the value of a single rod prepared in this work with the same 
composition (2306 S·m-1). The difference is, at least partly, due to the much higher 
porosity of the rod (~43 vol.%) as compared to the bulk composite (virtually dense). In 
fact, the less porous rods with 10 and 5 vol.% GNPs (30 and 20 vol.% porosity, 
respectively) show conductivities of 933 and 305 S·m-1, respectively, which are close 
(for the 10 vol.% GNPs composite) or even higher (in the case of the 5 vol.% GNPs 
composite) than the values measured for the corresponding dense bulk composites 




As the GNPs are orientated following the extrusion axis within the rods (Fig. 3.36), the 
model developed in the Chapter 5 (Table 5.3) for the bulk materials in the 
perpendicular direction can be employed to estimate σ of the GNPs/SiC rods in the 
longitudinal direction with a SiC matrix of higher conductivity (σ = 17.3 S·m-1). In this 
way, values ranging from 85 to 5342 S·m-1 were predicted for dense rods of the 
different GNPs/SiC compositions (Table 6.2). These values were corrected 
considering the volume fraction of porosity, P, in each skeleton by using the equation 
ߪ௣௢௥௢௨௦ ൌ 	ߪௗ௘௡௦௘ ൉ ሺ1 െ 3/2 ൉ ܲ),20 showing good agreement for the 20 vol.% GNPs 
composite but being significantly lower than those experimentally measured by 
PMMS for 5 and 10 % of GNPs (80% and 30%, respectively). These differences 
could be ascribed to the presence of a highly conductive annulus in the case of low 
GNPs content (≤ 10 vol.%) in which the GNPs would be extremely oriented, leading 
to a PMMS effective electrical conductivity higher than the predicted. This orientation, 
described in Chapter 3, is a consequence of the radial shear stresses generated 
during the printing process. 
Table 6.2. Electrical conductivity (σ) of bulk GNPs/SiC bulk materials in the 
perpendicular direction (Chapter 5), and experimental data for the GNPs/SiC rod and 
estimated values for dense and porous rods. Values for the external rim (RIM) are 






 PPMS DENSE POROUS RIM 
0 5.1 17.3  
5 38 305 85 59 485 
10 922 933 1210 666 1128 
20 4380 2306 5342 2137 2430 
 
Furthermore, a more porous core of diameter ~0.60 times the diameter of the rods 
could be clearly distinguished in the 5 and 10 vol.% of GNPs skeletons while a more 
homogeneous microstructure is observed for the GNPs-free and the 20 vol.% of 
GNPs, as shown in Fig. 6.7. The formation of this porous core can also be linked to 
the disorientation of the GNPs in the core of the specimens (Fig. 3.36) that will lead to 
a worse particle packing during printing and prevents densification due to the 





GNPs network clearly occurs in the whole bulk of the rods for high GNPs contents, 
leading to a more homogenous electrical behavior for the 20 vol.% GNPs composite 
rods; the same homogenous behavior can be foreseen in the case of the GNPs-free 
rods. In this way, GNPs/SiC composite rods can be regarded as two concentric 
cylinders showing the external rim higher electrical conductivity than the core cylinder, 
being the effective electrical conductivity that experimentally measured for the rod. 
Assuming that the conductivity of the core is the value estimated for the porous rods 
(Table 6.2) and rods behave as two parallel resistors, the conductivity of the external 
rim was calculated. These values are also shown in the Table 6.2 and range between 
485 and 2430 S·m-1 for composites containing 5-20 vol.% GNPs. 
 
Figure 6.7.- FESEM micrographs of the polished cross-sections corresponding to 
GNPs/SiC cellular composites containing: a) 0, b) 5, c) 10, and d) 20 vol.% GNPs. 
The arrows in b) and c) show a more porous core structure. 
 
6.2.- Modelling 
6.2.1.- Resistors model 
For a scaffold of dimensions X’, Y’ and Z’, the resistance for current flowing in the 
longitudinal X direction (the same is valid for the Y direction) can be calculated from 




perpendicular to the yz plane, i.e. the number of conducting paths along the X 
direction, which can be geometrically calculated as nyz = Y’Z’/ah. In this way, the 
conductivity of the scaffold in the X (or Y) direction is: 
ߪ௑,௒ ൌ ௑′௒ ′௓′ܴ௫,௬ିଵ ൌ
௑′
௔௛ ܴ௥௢ௗିଵ         (2) 
The good contact between the green filaments in adjacent layers was achieved by 
forcing certain penetration of the filaments of each layer into those of the underlying 
stratum in such a way that h = 0.25 Ø. As shown in Fig. 6.1b, the intersection area of 
two orthogonal rods has a pringle-like hyperbolic paraboloid shape. Introducing the 
resistance of the rod (Rrod = 4X’/πØ2σrod), and assuming that the overlapping is kept 
constant after the SPS process, the expression in Eq. (2) can be simplified as: 
ߪ௑,௒ ൌ థଶ௔ ߪ௥௢ௗ          (3) 
which means that the longitudinal electrical conductivity directly depends on the ratio 
between the diameter and the separation of the rods. For the conduction in the Z 
direction, i.e. in the transverse mode, the proposed model considers that the current 
flows through parallel paths of Rz resistance defined by the intersections of the 
scaffold rods in adjacent layers. Also, the assumption that the scaffold rods present 
isotropic electrical conductivity is made in the model (σrod = σz). In this case, similarly 
to the longitudinal mode, ܴ௭ି ଵ ൌ ݊௫௬ ൉ ܴ௭ି ଵ , where nxy is the number of rods 
perpendicular to the xy plane (i.e., ௑′௒′௔మ ) and Rz can be expressed as function of the 
effective contact area between adjacent orthogonal rods, Seff, like ܴ௭ ൌ ଵఙ೥
௓′
ௌ೐೑೑. From 
Rz, the transverse conductivity will be: 
ߪ௭ ൌ ܴ௭ି ଵ ௓
′
௑ ′௒ ′ ൌ
ௌ೐೑೑
௔మ ߪ௥௢ௗ        (4) 
Therefore, Seff acts as limiting factor for the electrical conductivity of the scaffolds in 
the transverse mode and its accurate estimation is highly desirable. Here, Seff is 
assumed to be the area projected by the intersection of two orthogonal rods (Fig. 
6.1b) on the underlying rod, which is a rectangle with effective area of: 







ߪ௭ ൌ ௛൉థ௔మ ሺ1 െ ݂ሻ ൉ ߪ௥௢ௗ             (6) 
where f = h/2Ø is the overlapping between adjacent layers. Accordingly, the 
conductivity of the structure in the Z direction depends upon the intrinsic conductivity 
of the scaffold rods, the overlapping between adjacent layers, and the spacing 
between rods normalized to the rod diameter. 
The electrical conductivity values estimated using the resistors model are collected in 
Table 6.3, reproducing the trend observed for the experimental data for both 
measuring directions. From this model, a σL/σT ratio of 2.4 is predicted, which is in the 
range of those experimentally measured (1.8-3.7). 
Table 6.3. Comparison of the experimental (Exp) values of longitudinal (σL) and 
transverse (σT) electrical conductivity and predictions obtained by the resistors model 
(Res). 
Vol.% GNPs 
σL (S·m-1) σT (S·m-1) 
Exp Res Exp Res 
0 4.2 3.3 0.8 1.7 
5 32.1 75 17.8 39.6 
10 159.4 229 72.4 117.7 
20 610.6 556.3 273 278.9 
 
However, significant differences between the predicted and the experimental values 
are observed in the case of the 5 and 10 vol.% GNPs scaffolds, as measured values 
for σ are lower than expected according to the proposed model. Curiously, the rods 
forming these scaffolds show also important differences between the measured and 
the estimated electrical conductivities (Table 6.3) attributed to the development of a 
low conducting porous core and a highly conducting rim where GNPs would be 
extremely oriented. Consequently, the higher values estimated from the model for the 
5 and 10 vol.% GNPs scaffolds should be associated to this layered structure of the 
rods when they integrate in the scaffold, as the highly conductive rim is strongly 




resistors reducing the effective electrical conductivity, which explains the 
overestimation of the model. This effect is negligible in the case of the more 
electrically homogeneous rods of the GNPs-free and 20 vol.% GNPs scaffolds. 
 
6.2.2.- Finite-element modelling (FEM) 
FEM simulations were performed with COMSOL 4.4.0.0.150 Multiphysics 4.4 solver. 
For the accomplishment of the model, the input geometrical parameters (a, h and Ø) 
were those shown in Table 1, according to Fig. 6.1a,b. Considering the symmetry of 
the scaffolds, the FEM unit cell of a × a × h dimensions was designed with a 
progressively refined mesh until the FEM results –i.e. the estimated electrical 
resistance- differed by less than 0.5%. The unit cell of the robocast structures (Fig. 
6.8) contained approximately 1.5 million tetrahedral elements with sizes ranging from 
0.7 μm to 8 μm, and approximately 2 million degrees of freedom.  
 
Figure 6.8.- mesh of the unit cell of the robocast structures used for the FEM 
calculations 
The experimental electrical conductivity values for the rods of each GNPs/SiC 
composition were used in the model as material property. The effective relative 
permittivity of the composites was calculated by the rule of mixtures using data from 
the literature: i) 9.72 for SiC,21 ii) 10.6 for YAG,22 and iii) in the range 10-15 for 
graphite,23 and also considering the skeleton porosity of each composition. The model 
assumes that current flows along the scaffold rods in the longitudinal mode (x-axis or 
y-axis in Fig. 6.3), and from rod-to-rod of successive layers through the intersections 





calculations of the longitudinal conductivity, a voltage was simulated in yz plane, while 
the opposite yz plane was at ground voltage. Likewise, for the transverse 
conductivity, the voltage was applied to xy plane and the opposite xy plane was at 
ground voltage.  
FEM simulations were performed by using two electrical models based on the use or 
absence of rod-to-rod contact resistances (Rc). The simplest implementation of the 
FEM model (without contact resistance) yields figures for the longitudinal direction 
close to the resistors model, in agreement with the experimental data. However, the 
predictions of the transverse conductivity are poor (Table 6.4), hence, failing to 
reproduce the observed electrical anisotropy. 
Table 6.4.- Comparison of the experimental (Exp) values of longitudinal (σL) and 
transverse (σT) electrical conductivity and the predictions obtained by FEM and the 
modified FEM with a rod-to-rod contact resistance (FEM_CR). 
Vol.% GNPs 
σL (S·m-1) σT (S·m-1) 
Exp FEM FEM_CR Exp FEM FEM_CR 
0 4.2 3.7 3.3 0.8 3.3 0.9 
5 32.1 82.9 72.6 17.8 73.3 17.6 
10 159.4 253.3 236.2 72.4 224.7 72.3 
20 610.6 622.2 567.6 273 549.5 276.5 
 
In fact, as shown in Fig. 6.9a,c, the effective area for current flow is the rod cross-
section in the longitudinal direction, coinciding with the resistance model, but in the 
transverse direction it is much higher than that assumed in the resistors description of 
the material (Fig. 6.9b,d). Therefore, a rod-to-rod Rc was introduced in a modified 
FEM model (noted as FEM_CR) forcing the transverse resistance to reproduce the 
corresponding experimental data. The contact resistances can be used to estimate an 
area-specific contact conductance (ܩ஺ ൌ ܴ௖ି ଵ ൉ ܵ௘௙௙ିଵ ). Fig. 6.10 depicts an increase of 
GA with increasing GNPs content, which can be explained considering that GA is as a 
function of the rod conductivity. In this way, the effective area for current flow in the 




the introduction of a rod-rod contact resistance does not modify significantly the 
current flow in the longitudinal direction (Fig. 6.9e and Table 6.4). 
 
Figure 6.9.- Current density results from the FEM models for the 20 vol.% GNPs/SiC 
scaffold simulating current flowing in the longitudinal mode (a, c and e) and 
transverse mode (b, d and f). a) and b) correspond to xz (equivalent to yz) and xy 
planes, respectively. c) and e) detail of a rod-to-rod contact on the orthogonal yz 
(equivalent to xz) plane in the longitudinal mode, without (FEM) and with rod-to-rod 
contact resistance (FEM_CR), respectively. d) and f) detail of a rod-to-rod contact on 
the yz (similarly xz) plane in the transverse mode, without (FEM) and with rod-rod 
contact resistance (FEM_CR), respectively. The color coding varies from red to blue 
for lowest to highest electric current densities, respectively. 
 
The GA/σrod ratio should be an indirect measure of the contact geometry, as σrod 
includes the effect on the conductivity of other factors such as the GNPs distribution 
and the porosity. A simple calculation shows that GA/σrod varies within the range 3103 
– 8103 m-1 without any apparent trend with composition (Fig. 6.10). This suggests 
fairly similar contact geometries for the four composites, in qualitative agreement with 
the close contact areas estimated from the structure parameters (Table 1). Both 
results are a good indication of the level of control of the rod contact area achieved by 
Robocasting, despite the significant differences in porosity and GNPs content of the 


































Figure 6.10. Area-specific contact conductance (GA) figures from the FEM model as a 
function of the GNPs content and the GA/σrod ratio. 
 
6.3.- Conclusions 
i) The robocast, relatively lightweight 3D graphene/SiC structures showed anisotropic 
electrical conductivity. 
ii) The individual rods comprising the structures exhibited σ values that increased with 
the GNPs concentration up to a maximum of ~2300 S·m-1 for 20 vol.% graphene 
contents, resulting in σ values for the present 3D structures that reproduce the same 
trend of up to 611 S·m-1 and 273 S·m-1 in the longitudinal and the transverse 
directions, respectively. 
iii) Both an equivalent circuit model and more complex FEM reproduce the conducting 
behavior of these robocast structures as a function of the rod electrical conductivity, 
the overlapping between adjacent layers and the spacing between rods normalized to 
the rod diameter. 
iv) The electrical performance of this type of spanned structures can be tailored by 
tuning the GNPs content, the rod diameter, the separation between rods, and the 





v) The developed scaffolds potentially combine in one material the high mechanical 
stability and electrical and thermal conductivities of graphene-ceramic composites 
with the intrinsic characteristics of hierarchical designs 3D structures, such as ordered 
porosity, low specific weight and high specific surface area. 
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7.1. Introduction: future applications of bulk and 3D SiC-based materials 
In this PhD Thesis, different SiC-based materials have been developed with potential 
to be employed in future applications owing to their properties, mainly the electrical 
conductivity, or to their specific 3D architectures.  
One interesting future prospect of the electrically conductive bulk graphene/SiC 
materials, obtained either through the in-situ formation of graphene flakes within SiC 
ceramics by SPS or by addition of GNPs to SiC matrices, could be the use of the 
EDM process for manufacturing complex 3D parts able to be used as microturbines, 
microreactors, or microelectromechanical systems (MEMS). Actually, one of the 
limitations facing the accomplishment of end-user applications for structural ceramics 
is the difficulty to manufacture ceramic parts with both highly complex geometries and 
a high level of morphological accuracy. Besides, SiC is a hard ceramic material and 
machining processes using diamond grinding are costly and limited for the production 
of complex parts of very high added value. EDM is a thermoelectric process that 
facilitates a relatively inexpensive manufacture of complex components, where the 
main limiting prerequisite for ceramics is to show sufficient electrical conductivity 
values (~1 S·m-1) to commence the process of erosion (developed by 
physicochemical interaction of sparks between the tool electrode and the ceramic 
material). However, the electrical conductivity of SiC is commonly not enough 
sufficient for EDM, requiring the use of the assisting electrodes and where the 
ceramic must be electrically coated. The goal is, hence, to analyze the EDM 
performance of the SiC materials as a function of the GNPs content, i.e., of the 
electrical conductivity of the composite, looking for the machining of complex SiC 
parts without the need of using the assisting electrode method. This research has 
already started in collaboration with Prof. C. Mueller’s group at Department of 
Microsystems Engineering (IMTEK), University of Freiburg (Germany). Preliminary 
results show that whereas monolithic β-SiC cannot be EDMed in absence of assisting 
electrode, GNPs composites are successfully machined. Fig. 7.1 illustrates two 
examples of EDMed GNPs containing materials, in particular, a prismatic pillar of ~50 
and ~100 µm of top and bottom square dimensions, respectively, and ~350 µm of 
height inside a squared hole of 1100 x 1100 µm2 was machined on a 10 vol.% 
GNPs/SiC specimen (Fig. 7.1a), and a circular hole of ~350 µm of diameter and ~350 





Figure 7.1.- SEM micrographs showing different features (pillar and hole) EDMed on: 
a) 10 vol.% GNPs/SiC and b) 20 vol.% GNPs/SiC composites. Images courtesy of F. 
Zeller from the Department of Microsystems Engineering (IMTEK), University of 
Freiburg (Germany). 
More intricate structures are feasible through the implementation of AM techniques. 
AM techniques offer exceptional future prospects related to the fabrication of ceramic 
parts and components, as demonstrated in the present manuscript for the case of 
Robocasting. Consequently, it is important to find new functionalities that profit from 
these complex morphologies. In the present research activities, two brand-new fields 
have been opened up towards the implementation of SiC-based scaffolds assembled 
by Robocasting, in particular, superhydrophobic micro-filters and acoustic 
metamaterials. Next, preliminary results related to these activities are presented. 
 
7.2. Hydrophobic properties for water/oil micro-filters 
7.2.1. Introduction 
Nowadays, there are numerous situations where oil-based liquids contaminate water 
resources worldwide, most of which being linked to oil spills from industrial activities 
(petrochemical, metal, etc.) or during the transportation of those liquids using 
tankers.1 The important impact upon the environment motivates the development of 
new materials and devices able to efficiently separate oil from water. Inorganic 
mineral, synthetic organic and organic vegetable products have been widely studied 
as oil-sorbent materials.1 Lately, carbon nanotubes (CNTs) appear as an attractive 
material for the fabrication of oil-water filters considering their superhydrophobic2 and 
superoleophilic3,4 properties. However, the future use of CNTs for oil remediation 
would require structures with enhanced mechanical resistance in addition to good 





ceramic membranes acting as a support for growing CNTs appears to be a novel 
alternative. The first works based on this concept were carried out by synthesizing 
vertically aligned CNTs on stainless steel meshes.5,6 The resulting CNTs/stainless 
steel filters repelled water and allowed the permeation of oil, but these filters would 
not be used in the aggressive media where oil spills typically occur (salty, acid, basic, 
and others). In this sense, chemically inert substrates like SiC ceramics become 
excellent candidates due to their high resistance to abrasion, wear and corrosion to 
most chemicals, being twice as resistant to oxidation as the best current superalloys.7 
In addition, SiC exhibits much lower density when compared to metals, a desirable 
fact for industrial applications. In fact, as discussed in Chapter 1, porous SiC 
components have already been proved to work under extreme conditions such as 
those of heat exchangers, burners or catalytic supports.8 
To date, CNTs grown on SiC membranes have not been reported, and only a few 
reports are found in the literature on the CNTs growth on SiC particles,9 whiskers,10 
platelets11 and, on the surface of SiC fiber cloth.12 Regarding other ceramic materials 
for the CNTs growth to form hybrid systems, only three works have been found 
utilizing CNTs on yttria-stabilized zirconia (YSZ),13 Al2O314 or quartz.15 Therefore, the 
goal was to grow for the first time aligned multi-walled CNTs (MWCNTs) on a SiC 
cellular skeleton, exploring the hydrophobicity of such hybrid materials. These 
research activities were carried out in collaboration with Prof. M. Terrones’ group at 
Shinshu University in Japan. 
 
7.2.2. Aligned carbon nanotube/silicon carbide hybrid materials 
3D cylindrical lattices (10.45 mm in diameter and 3.5 mm in height) corresponding to 
the β7 composition were manufactured by RC. These structures consisted of a 
regular, porous structure based on ceramic rods of ~ 250 µm in diameter spaced 
~700 µm apart. After heating at 600 ºC for 2 h to burn out the organic additives, and 
SPS at 1800 ºC for 5 min in argon atmosphere to densify these scaffolds, the lattices 
were treated at 1300 ºC for 1 min in air to slightly oxidize the surface of the SiC rods. 
This mild oxidation, which is intended to produce a thin SiO2 layer on the rods 
surface, is essential to enhance the nanotube growth, as it has previously been 
described.10,16 In Fig. 7.2a, b, a cross-sectioned scaffold rod after an oxidation 
process at 1350 ºC for 1 min is shown, where the secondary phase in the external 





Figure 7.2.- Cross-sectioned scaffold rod after an oxidation process at 1350 ºC for 1 
min, where the secondary phase in the external annulus migrates towards the surface 
to create the external layer consisting of SiO2 and Y2SiO5. 
Fig. 7.3a,b illustrate different views of a whole scaffold, and the formation of small 
amounts of yttrium silicate (Y2SiO5) and cristobalite (SiO2) on the ceramic surface was 
revealed by XRD (Fig. 7.3c). This layer prevented the reaction between the catalyst 
and SiC, and enhanced the growth of highly crystalline, aligned MWCNTs. The 
cylindrical specimens of oxidized SiC were afterwards vertically placed into a quartz 
tube at 800 ºC in flowing argon to promote the growth of aligned carboxyl 
functionalized MWCNTs (COx), longer and more crystalline than MWCNTs, by 
floating catalyst CVD.17 The maximum temperature was kept constant at times 
ranging from 15 min to 60 min. The aerosol contained 3 wt.% of ferrocene as iron 
catalyst source, 96 wt.% of toluene as carbon source, and 1 wt.% of ethanol as 
oxygen source. It was ultrasonically created and transported through the quartz tube 
by the Ar flow.17 
COx vertically grew on the SiC rods within the channels (Fig. 7.3e) with lengths in the 
range of 200-250 µm, and average diameters around 50 nm (Figs. 7.3f,g). As 
revealed by Raman spectroscopy (Fig. 7.3h), the three characteristics Raman bands 
of CNTs (D, G and G’, or 2D) were clearly distinguished, having intensity ratios 
between D and G bands (ID/IG) of 0.40. This value is quite low and would confirm the 
high degree of crystallinity within the carbon nanostructures. In addition, the carbon 
C1s core level de-convoluted spectrum obtained from the X-ray Photoelectron 
Spectroscopy (XPS) analyses (Fig. 7.3i) indicated the presence of sp2- and sp3-
hybridized carbon (284.4 and 285.1 eV, respectively), as well as peaks with binding 
energies at 286.1 and 286.9 eV, ascribed to C-O and C=O groups, thus confirming 
the carboxyl functionalization of the synthesized MWCNTs.18 The peak located at 
283.5 eV could be associated to Fe3C coming from the catalyst (ferrocene) reacting 






Figure 7.3.- (a,b) Optical views and (c) XRD pattern of the SiC ceramic scaffolds after 
the oxidizing heat treatment at 1300 ºC, (d) optical and (e) SEM images of the hybrid 
COx/SiC cellular material, (f,g) SEM images of the nanotubes at higher magnification, 
(h) Raman spectra of the hybrid COx/SiC cellular material before and after the 
filtration test, and (i) XPS spectrum of C1s core level for as-grown COx. 
 
7.2.3. Hydrophobic properties and filtration tests  
Drops of 1-2 ml of deionized water (DIW, viscosity = 1 mPa·s), 90.2º octane fuel 
(GAS, Sinergy regular, Exxon Mobil Co.) and mineral oil both pristine (MO, Sigma-
Aldrich, Ref. 330760, viscosity = 55-61 mPa·s) and used in a vacuum pump after 
hundreds of hours (PO), were carefully placed on hybrid COx/SiC cellular specimens 
under ambient conditions. Bare SiC scaffolds were also tested for comparison. 
Contact angle (CA) values were assessed using ImageJ analysis program on pictures 
taken by a digital camera, and performing at least 4 measurements per 
liquid/specimen pair. 
It is noteworthy to mention that the bare robocast SiC scaffolds were highly 




liquids were not stable and they experienced a sudden spread on the bare SiC 
scaffold with very low CA that were not able to be measured. However, for the 
synthesized hybrid COx/SiC material, DIW droplets remained stable for long time 
(Fig. 7.4a), with a CA value of 151 ± 3º, which is consistent with a superhydrophobic 
behavior20 of the hybrid material. This property is controlled by the surface roughness 
and the surface energy. In this sense, the very rough surface provided by the 
vertically aligned COx would promote hydrophobicity because the water droplets rest 
on a very large area of air trapped beneath the surface.21 Actually, Li et al.22 reported 
that aligned CNTs films on quartz glass plates exhibited a CA for water of 158.5º, 
whereas it decreased to 136.5º when the CNTs film was laid flat on the surface. 
These authors also reported22 that a low surface energy, which is linked to the 
chemical surface composition, also favors a higher hydrophobicity. In this way, they 
were able to modify the CA on as-grown aligned CNTs from 128º, when they were 
oxidized, to 171º after fluorination. In these hybrid materials, the CA was quite high 
(151º) despite COx contained certain groups, such as hydroxyl and carbonyl groups, 
that would reduce the contact angle for water droplets.23 This fact would indicate that 
the roughness attained by the vertically aligned COx forests have large influence on 
the observed superhydrophobicity. Furthermore, the hybrid COx/SiC specimens 
behaved as superoleophilic when using MO, PO, and GAS; the CA was close to 0º in 
all cases, considering the lower surface tension of oils (20-30 mN·m-1) compared to 
water (72 mN·m-1). In fact, the droplets of all those liquids rapidly spread on the 
COx/SiC surface and did not show saturation as fully penetrated through the 
specimen within 1.3, 0.5, and 0.3 s, respectively. 
 
Figure 7.4.- a) DIW droplet on the hybrid COx/SiC surface, b) optical view of the bare 
SiC ceramic scaffold with ~ 300 x 300 µm2 channels, and (c) DIW droplet on the latter 
ceramic surface. 
Interestingly, the CA value obtained for a DIW drop placed on a bare SiC surface 
specifically designed and robocast to have a channel size (~ 300 µm, Fig. 4b) close to 





for the hybrid material, which evidences the essential role played by the COx on the 
hydrophobicity. 
For the filtration tests, a handmade system was used. It consisted of a glass filter 
funnel fitted to an Erlenmeyer filter flask through a rubber stopper, two cylindrical 
rubber stoppers with a hole drilled (0.8 mm in diameter) at the center placed into the 
glass funnel and between the specimen, and a vacuum pump connected to the 
Erlenmeyer flask. About 20 ml of each selected liquid were supplied to the filtration 
module following the sequence: DIW, MO, PO, GAS, and DIW. The effective filtration 
area of the COx/SiC filter was ~ 3.7 mm2. As seen in Fig. 7.5a, the liquid did not leak 
at least during 1 min, and a vacuum pressure of 12.5 kPa (Fig. 7.5b) was necessary 
for DIW to completely pass through the COx/SiC material, which took place in less 
than 2 s. This process was repeated twice more and similar results were obtained. 
Afterwards, pouring of 20 ml of the different oils (MO in Fig. 7.5c, PO in Fig. 7.5d and 
GAS in Fig. 7.5e) was done demonstrating that these liquids can be pressureless 
filtrated in about 2 min, without saturation of the hybrid scaffold. To prove that 
possible residual oil did not affect the filtration of water, 20 ml of DIW were again 
poured into the funnel and, once more, water did not leak and the same filtration 
pressure of 12.5 kPa was required (Fig. 7.5f). 
 
Figure 7.5.- Images taken from the video recorded during the filtration tests 
sequence: DIW without a) and with b) the assistance of the vacuum pump, c) MO, d) 
PO, e) GAS, and f) DIW, all of them without using the pump except for DIW tests. The 




After these tests, the filter was degreased in acetone and, then, COx were analyzed 
again by Raman spectroscopy and SEM. As seen in Fig. 7.6a, some COx blocks 
detached from the SiC rods and partially obstructed the channels, but it could have 
happen during sonication when degreasing the material with acetone to clean the 
hybrid material after each test. Despite that, the structure of the COx/SiC hybrid 
material was mostly maintained stable after the filtration experiments. On the other 
hand, the COx showed small damage. A high magnification view of COx (Fig. 7.6b) 
revealed some tube densification and alignment loss. In addition, the Raman 
spectrum of the COx after the filtrations tests (Fig. 7.3h) exhibited a higher intensity of 
the D-band, with an ID/IG value of 0.59 (compared to 0.40 for the pristine COx) which 
reflects an increase of defects on the COx structure. 
 
Figure 7.6.- SEM images of the hybrid COx/SiC cellular material (a) and the 
nanotubes at higher magnification after the whole filtration sequence (b). 
 
7.2.4. Electrical properties of the hybrid structure  
DC electrical resistivity (ρ) measurements from room temperature to 2 K were carried 
out on individual COx/SiC rods room temperature to 2 K using a four probe array and 
PPMS. Vertically aligned COx showed a semiconducting-like behavior (Fig. 7.7a), 
with a room temperature ρ value of 0.278 Ω·cm that corresponded to an electrical 
conductivity value of 360 S·m-1. These values indicate that there is also a good ohmic 
contact at the COx-SiC interface. The electrical data were analyzed with the variable 
range hopping theory for Coulomb gap, two-dimensions (2D-VRH) and three-
dimensions (3D-VRH).23 At temperatures below 20 K, data were fitted with a straight 
line against T-1/2 (Fig. 7.7b), T-1/3 (Fig. 7.7c) and T-1/4 (Fig. 7.7d) for Coulomb gap, 2D-
VRH and 3D-VRH, respectively. The coefficients of determination (R2) for each fitting 
were 0.9905 (for T-1/2), 0.9960 (for T-1/3), and 0.9978 (for T-1/4). These values indicate 





suggesting that the entire sample is a good electrical conductor throughout the three 
dimensions. This property could be useful for further applications of these hybrid 
porous materials linked to small electronic devices or sensors. 
 
Figure 7.7.- (a) Resistivity (ρ) versus temperature, and variable range hopping fitting 
for (b) Coulomb gap (d = 1), (c) two-dimensions (2D-VRH), and (d) three dimensions 
(3D-VRH) for a COx/SiC rod. Points correspond to experimental data and the fittings 
are represented by dashed lines. 
 
7.3. Acoustic metamaterials 
In acoustic metamaterials,24-27 artificially built architectures enable acoustic wave 
propagation in extremely anomalous fashions that involve acoustic lensing and 
cloaking, negative dispersion bands, or negative refractive indices. This class of 
materials has a potential for various advanced applications that require focusing or 
redistribution of the acoustic energy.28-33 A particular type of acoustic metamaterials, 
typically referred to as phononic crystals,34-36 consist of arrays of mutually organized 
periodic structures. Such regular architectures can most accurately be achieved by 




In collaboration with Dr. Hanus Seiner’s group, from the Institute of 
Thermomechanics, Academy of Sciences of the Czech Republic, the elastic and 
acoustic properties of SPSed SiC scaffolds (Fig. 7.8) were studied to determine 
whether acoustic anomalies were revealed in these structures.  
 
Figure 7.8.- Optical images of the robocast structure: (a) as-designed scaffold and (b) 
as-measured scaffold (the ceramic frame was eliminated by machining) with the 
orientation of the used coordinate system. 
The robocast structure was characterized by resonant ultrasound spectroscopy (RUS; 
see Refs. 37–39 or A.2.11): a resonant spectrum of free elastic vibrations of a 
parallelepiped-shaped sample machined from the central (periodic) part of the 
scaffold was measured in the frequency range of 100–800 kHz. This spectrum was 
measured by a contactless, laser-based RUS set-up in which the vibrations were both 
generated and detected by lasers. In order to obtain also the information on modal 
shapes of the individual resonant modes in the spectrum, the vibrational response 
was subsequently recorded at the cross-sections of the individual rods at the largest 
face of the sample. The result is shown in Fig. 7.9. Surprisingly, despite of the 
structural complexity of the sample, the resonant spectrum consists of sharp, well-
defined resonant peaks (average internal friction parameter38 Q-1 = 2 x 10-3), which 
directly proves that the scaffold exhibits very low energy dissipation under ultrasonic 
vibrations, i.e., there are, for example, no weak, friction-like contacts between the 







Figure 7.9.- The RUS spectrum used for determination of the elastic constants; the 
numbered peaks are those for which the modal shapes were clearly identified and, 
consequently, those which were involved in the inverse calculation of the elastic 
constants. In the lower row, examples of the corresponding modal shapes for the first 
three resonant modes are shown; the 3D visualizations were obtained by combining 
the experimental data from a scanning laser-vibrometer with a finite elements model 
of the sample. 
The obtained set of resonant frequencies was then analyzed in order to determine the 
effective medium elastic constants of the structure, i.e., the anisotropic elastic 
constants of an effective homogeneous material with the same macroscopic elastic 
response as the architectured ceramics. The effective medium for the scaffold was 
expected to exhibit tetragonal elastic anisotropy, with six independent elastic 
constants c11, c12, c13, c33, c44, and c66 (for the coordinate system outlined in Fig. 7.8). 
A combination of the conventional RUS approach and FEM was used to calculate 
these elastic constants with the following result: 
c11 = 66.0 ± 0.7 GPa 
c12 = 1.0 ± 0.1 GPa 
c13 = 3.6 ± 0.1 GPa 
c33 = 38.5 ± 1.2 GPa  
c44 = 5.6 ± 0.1 GPa 






For this calculation, the mass density of the scaffold is assumed as that of the 
effective medium (in this case, ρ = 1.24 g·cm-3). 
The resulting elastic constants obviously exhibit very strong anisotropy. The shear 
constants c44 and c66 are much lower than the stiffness against shearing along the 
diagonal symmetry planes x’1 = (x1 + x2)/√2 = 0 and x’2 = (x1 - x2)/√2 = 0, which is       
c’ = (c11 – c12)/2 = 32.5 GPa; further on, the constants c12 and c13 are very low, i.e., 
the interlinking between the rods is so weak and so localized that the elongation of 
the rods in one direction does not lead to significant shrinking of the structure in the 
perpendicular direction. In Fig. 7.10a, this strong anisotropy is visualized by a plot of 
the directional dependence of the Young’s modulus. Sharp maxima of the Young’s 
modulus appear along the directions of the rods, while approximately ten times lower 
values of the modulus correspond to the diagonal directions. Similar strong anisotropy 
as for the Young’s modulus was also observed for the Poisson’s ratio; however, 
unlike for other anomalously anisotropic tetragonal structures,40 the Poisson’s ratio for 
the robocast scaffold was found to be positive for all directions (Fig. 7.11). While 
along the rods 12 is nearly zero, in the diagonal directions it reaches values of as 
high as 0.85. On the contrary, the out-of-plane contraction (given by the ratio 13) is 
nearly zero for these diagonal loads, for which also the Young’s modulus is very 
small. This means that under such loads, the scaffold deforms by soft twisting of the 
rods about the crossing points and consequent volume-preserving shearing in the 
tetragonal plane, while the spacing of the rods in the x3 direction remains nearly 
untouched. 
The FEM model of the scaffold constructed within the analysis of the resonant 
spectrum was used also to calculate the band structure of the material. In Fig. 7.10b, 
the lowest branches are shown for wave vectors oriented along the x1 and x3 
directions, respectively. For each direction, the expected “acoustic” branches are 
seen, labeled in analogy to phononic branches as LA (longitudinal acoustic) and TA 
(transverse acoustic); the higher modes are analogous to the “optical” modes for 
phonons. The acoustic branches are obviously very close to linear in the frequency 
range where the RUS measurements were performed, which means that the 
approximation of the structure by the effective elastic medium is sufficiently accurate 
in this range, and the use of RUS for the determination of the effective medium elastic 
constants is fully justified. The band structure exhibits several features expected for 
acoustic metamaterials, for example, the negative derivatives of the frequency with 
respect to the wave number along the optical branches, which indicates the opposite 






Figure 7.10.- a) Directional dependence of the Young’s modulus (E) of the scaffold; b) 
the lowest frequency bands of the scaffold for wave vectors lying along the x1 
direction (to the right from the origin) and along the x3 direction (to the left); l stands 
for the spacing between the rods, the labels of the individual branches distinguish 
between longitudinal (L) and transverse (T) polarizations, and between acoustic (A) 
and optical (O) modes, in analogy with phonon spectra. The dashed green line 
denotes the upper limit of the RUS measurement. 
 
Figure 7.11.- Poisson’s ratios for in-plane contraction (12) and out-of-plane 







i) A novel hybrid COx/SiC cellular material, which exhibits superhydrophobic and 
superoleophilic properties, has been produced consisting on a 3D porous structure of 
ceramic pillars and micro-channels, where long, crystalline and aligned carboxyl 
functionalized MWCNTs were grown. The hybrid material also presents a 3D variable 
range hopping conduction with a room temperature electrical conductivity value of 
360 S·m-1 that proves the good anchoring of the nanotubes to the SiC. 
ii) Robocast SiC scaffolds exhibit several features typical for acoustic 
metamaterials. In particular, strong elastic anisotropy (that would involve strong 
energy focusing) and a phononic-like frequency band structure. 
iii) The ceramic structure exhibits very low vibration damping, which makes the 
robocast scaffolds very promising for acoustic focusing applications without significant 
energy losses. 
iv) Compared with other fabrication techniques for acoustic metamaterials, 
Robocasting provides higher versatility and enables the easy assembly of 
architectures with prescribed symmetry class of the unit cell, periodicity and size. 
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The overall conclusions of this manuscript can be divided according to the two groups 
of developed materials, in particular, cellular and bulk graphene/SiC-based ceramics. 
 Cellular materials: 
i) Complex 3D SiC and graphene/SiC lattices with different sizes and pore 
morphologies have been printed by Robocasting from pseudoplastic colloidal inks 
containing solids loadings of up to 44 wt.%, using nano- and micro-sized SiC raw 
particles, and GNPs contents of up to 20 vol.% in the composite structures. 
ii) Robust and relatively lightweight 3D SiC and graphene/SiC architectures (0.9-1.6 
g·cm-3) have been then successfully sintered by a pressureless SPS process, 
retaining in all cases the shape of the extruded filaments and the overall geometry of 
the structures. 
iii) The individual rods comprising the 3D structures exhibit σ values that increase 
with the GNPs concentration up to a maximum of ~2300 S·m-1 for composites 
containing 20 vol.% graphene, resulting in an anisotropic electrical behavior of the 3D 
structures with values of 611 S·m-1 and 273 S·m-1 in the longitudinal and the 
transverse directions, respectively. The modelling of the electrical behavior points 
towards the important role of the rod electrical conductivity, the overlapping between 
adjacent layers, and the spacing between rods normalized to the rod diameter. 
iv) Future applications for the 3D SiC-based structures include the manufacturing of 
superhydrophobic and superoleophilic advanced hybrid COx/SiC cellular devices for 
oil remediation, or the development of very promising acoustic SiC metamaterials for 
acoustic energy focusing applications. 
 Bulk materials: 
v)  SPS allows full densification of SiC ceramics and GNPs/SiC composites with up 
to 20 vol.% GNPs at temperatures of 1800 ºC, when Y2O3 and Al2O3 are used as 
liquid phase forming additives. The sintering process has been proved to be 
controlled by the temperature evolution of the whole system resistance. In this way, 
electrical current confinement in the graphite foil enclosing the specimen has been 
induced by the use of an electrically insulating coating, which gives a faster, more 
effective and energetically profitable densification process of SiC-based ceramics 




vi) A single-step approach for the in-situ growth of graphene during the ceramic 
densification by SPS resulting in well dispersed graphene flakes (3-4 vol.%) within the 
SiC matrix. The in-situ graphene growth mechanism is believed to be due to the 
simultaneous actions of the high temperature, the electric current passing through the 
graphite dies and specimen, and the partial vacuum, all of them involved in the SPS 
process. 
vii) The mechanical characteristics of SPSed SiC materials are controlled by the 
crystalline character of the secondary phase, the SiC grain size, and the in-situ 
synthesis of graphene-like species. The yield stress and the resistance to quasi-
plasticity increase with the microstructural refinement; whereas the presence of 
multilayered graphene at grain boundaries increases the resistance to cone/ring 
cracking and the toughness. 
viii) The formation of an in-situ graphene-like conducting network within the SiC 
matrix and the simultaneous SiC doping lead to electrical conductivity values of as 
high as 935 S·m−1, up to eleven orders of magnitude larger than those obtained for 
similar SiC ceramics fabricated by conventional sintering techniques. 
ix)  The uniaxial pressure applied during SPS produces a major orientation of GNPs 
in the plane perpendicular to the pressing axis, leading to the formation of markedly 
anisotropic GNPs/SiC composites. In this way, GNPs/SiC composites present an 
electrical conductivity 4 to 6 times higher in the perpendicular than in the parallel 
direction to the pressing axis, increasing σ of the composites in both directions with 
the GNPs content up to three orders of magnitude as compared to the monolithic 
materials, reaching a maximum value at room temperature of  4380 S m−1 for 
composites with 20 vol.% GNPs. 
x) The addition of GNPs to a SiC matrix reduces the thermal conductivity in the 
through-thickness direction but, conversely, increases the in-plane heat flow. KT 
values of 152 and 9.9 W·m-1·K-1 for GNPs in the basal plane and along the c-axis, 








Las conclusiones generales de este manuscrito se han clasificado según los dos 
grupos de materiales desarrollados, en concreto, materiales cerámicos celulares y 
materiales masivos ambos basados en grafeno/SiC. 
 Materiales celulares: 
i) Se han impreso mediante la técnica de robocasting estructuras 3D complejas de 
SiC y grafeno/SiC que presentan diferentes tamaños y morfologías de poros, todo 
ello a partir de tintas coloidales pseudoplásticas con un contenido en solidos de hasta 
el 44% en peso. Además, se han empleado polvos de partida de SiC con tamaños 
nano- y micrométricos y contenidos de hasta el 20% en volumen de GNPs en los 
materiales compuestos. 
ii) Se han consolidado de forma satisfactoria, mediante un proceso de SPS sin 
presión, arquitecturas 3D de SiC y grafeno/SiC resistentes y relativamente ligeras 
(0.9-1.6 g·cm-3), reteniendo en todos los casos la forma de los filamentos extrudidos 
y la geometría global de las estructuras. 
iii) Los valores de σ de los rodillos individuales que conforman la estructura 3D 
aumentan con la concentración de GNPs en el material compuesto hasta un máximo 
de ~2300 S·m-1 para los materiales conteniendo un 20% en volumen de grafeno, 
dando lugar a un comportamiento eléctrico anisótropo de las estructuras 3D con 
valores de 611 S·m-1 y 273 S·m-1 en las direcciones longitudinales y transversales, 
respectivamente. Se ha simulado el comportamiento eléctrico demostrando el 
importante papel que juegan la conductividad de los rodillos, el solapamiento entre 
capas adyacentes, y el espaciado entre rodillos normalizados al diámetro del rodillo. 
iv) Las aplicaciones futuras de las estructuras 3D basadas en SiC incluyen la 
fabricación de dispositivos celulares híbridos de COx/SiC superhidrofóbicos y 
superoleofílicos para la descontaminación de aceite, o el desarrollo de 
metamateriales acústicos cerámicos extraordinariamente apropiados para 








 Materiales masivos: 
v) La técnica de SPS facilita la completa densificación a temperaturas de 1800 ºC 
tanto de los materiales de SiC monolíticos como de los compuestos grafeno/SiC, con 
contenidos de GNPs de hasta el 20% en volumen, empleando Y2O3 y Al2O3 como 
aditivos formadores de fase líquida. Se ha comprobado que el proceso de 
sinterización está controlado por la evolución de la resistencia de todo el sistema con 
la temperatura. Así, el empleo de un recubrimiento eléctricamente aislante, que 
confina la corriente eléctrica en el papel de grafito que envuelve la muestra, ha dado 
lugar a un proceso de densificación de los materiales cerámicos basados en SiC más 
rápido, efectivo y energéticamente rentable comparado con la configuración estándar 
de SPS. 
vi) Es posible crecer grafeno in situ dentro del material cerámico durante la etapa de 
densificación por SPS, dando lugar a materiales nanocompuestos de SiC 
conteniendo un 3-4% en volumen de grafeno bien disperso en la matriz. Este 
crecimiento tiene lugar mediante un mecanismo que involucra la acción simultánea 
en el proceso de SPS de elevada temperatura, baja presión de gas, y la corriente 
eléctrica. 
vii) Las características mecánicas de los materiales de SiC sinterizados mediante 
SPS están controladas por el carácter cristalino de la fase secundaria, el tamaño de 
grano del SiC, y la presencia en borde de granode especies carbonáceas basadas 
en grafeno. El límite elástico y la resistencia a la cuasiplasticidad aumentan con el 
refinamiento de la microestructura; mientras que la presencia de multicapas de 
grafeno en los bordes de grano incrementan significativamente tanto la resistencia al 
agrietamiento del tipo cono/anillo como la tenacidad. 
viii) La formación in situ de una red conductora de grafeno dentro de la matriz 
cerámica, así como el dopaje del SiC durante la sinterización, dan lugar a valores de 
conductividad eléctrica de hasta 935 S·m−1, once órdenes de magnitud mayores que 









ix) En los materiales compuestos de GNPs/SiC, la presión uniaxial aplicada durante 
la sinterización por SPS produce la orientación mayoritaria de los GNPs en el plano 
perpendicular al eje de prensado, dando lugar a materiales con una marcada 
anisotropía. En concreto, estos materiales presentan conductividades eléctricas 
mejoradas hasta en tres órdenes de magnitud respecto del SiC monolítico, siendo σ 
de cuatro a seis veces mayor en la dirección perpendicular al eje de prensado que en 
la dirección paralela a éste, y alcanzando un valor máximo a temperatura ambiente 
de 4380 S·m−1 para los materiales que contienen un 20% en volumen de GNPs. 
x)  La incorporación de GNPs a una matriz de SiC reduce la conductividad térmica 
en la dirección paralela al eje de prensado del SPS pero, por el contrario, aumenta la 
conductividad en el plano perpendicular dada la orientación de las GNPs. Se han 
estimado valores efectivos de KT para los planos basales y a lo largo del eje c de las 
GNPs de 152 y 9.9 W·m-1·K-1, respectivamente, empleando para ello un modelo 

























Abbreviations & Acronyms 
 
A.1.1.- Abbreviations and Acronyms list 
3D   Three-Dimensional 
3DP   Three-Dimensional Printing 
 
AC   Alternating Current 
AFM   Atomic Force Microscopy 
AM   Additive Manufacturing 
APA   Ammonium Polyacrylate 
AR   Aspect Ratio 
AR50   Median Aspect Ratio 
 
B   Boron 
BN   Boron Nitride 
 
C   Carbon 
CP   Specific Heat 
CV   Heat Capacity per unit Volume 
CA   Contact Angle 
CAD   Computer Aided Design 
C-AFM   Conducting-AFM 
CNs   Carbon Nanostructures 
CNTs   Carbon Nanotubes 
COx   Oxygen-doped Carbon Nanotubes 
CVD   Chemical Vapor Deposition 
 
D   Inner diameter of RC nozzles 
d(dz)/dt   Time derivative of dz (displacement rate in SPS) 
d50   Median grain size 
DC   Direct Current 
DIW   De-ionized Water 
dz   Displacement in the SPS z axis 
 
E   Elastic Modulus 
Ec   Energy Consumption 
ECAS   Electric Current Assisted/Activated Sintering 
EDM   Electro-Discharge Machining 
EDS   Energy-Dispersive X-ray Spectroscopy 
EELS   Electron Energy-loss Spectroscopy 





FAST   Field Assisted Sintering Technique 
FDC   Fused Deposition of Ceramics 
FEM   Finite-Elements Modelling 
FESEM   Field Emission Scanning Electron Microscopy 
FLG   Few-layered Graphene 
FWHM   Full-Width at Half Maximum 
 
G'   Shear elastic modulus  
G'eq   Shear elastic modulus at equilibrium 
GA   Area-specific contact conductance  
GaN   Gallium Nitride 
GAS   Octane Fuel 
  
GFs   Graphene Fillers 
GNP   Graphene Nanoplatelets 
GO   Graphene Oxide 
GPS   Gas-Pressure Sintering 
 
H   Hardness 
HA   Hydroxyapatite 
HiP   Hot isostatic Pressing 
HOPG   Highly Oriented Pyrolytic Graphite 
HP   Hot Pressing 
H-PEI   High molecular weight PEI 
HRTEM   High-Resolution Transmission Electron Microscopy 
 
I   Intensity 
I2D/IG   Intensity Ratio of the Raman 2D- and G-bands of graphene 
ID/IG   Intensity Ratio of the Raman D- and G-bands of graphene 
IEP   Iso-electric Point 
IG   Intensity of the G band of graphene 
ILO/ITO   Intensity Ratio of the Raman LO and TO peaks of SiC 
 
KIC   Fracture Toughness 
KT   Thermal Conductivity 
KT||   Through-thickness Thermal Conductivity 
KT┴   In-plane thermal conductivity 
 
LA   Longitudinal-Acoustic 
LEDs   Light Emitting Diodes 
LO   Longitudinal-Optical mode 
LOM   Laminated Object Manufacturing 
L-PEI   Low Molecular weight PEI 
LPS   Liquid Phase Sintering 
LPSPS   Liquid-Phase Spark Plasma Sintering 
 
 





MEMs   Microelectromechanical Systems 
MG   Micro-mechanically cleft graphene 
MO   Mineral Oil 
MOSFETs   Metal-Oxide-Semiconductor Field Effect Transistor 
Mw   Molecular Weight 




  Composition of nano--SiC powders with 20 wt% additives 
 
P   Power 
P0   Contact indentation pressure 
PC   Critical loads for the onset of cone/ring cracking 
Pscaff   Macro-Porosity of the Scaffolds 
PY   Critical load for initiation of quasi-plasticity 
PAS   Plasma Activated Sintering 
PECS   Pulsed Electric Current Sintering 
PEI   Polyethylenimine 
pHiep   pH at the IEP 
PMMA   Poly Methyl Methacrylate 
PMMS   Physical Property Measurement System  
PMS   Polymethylsilsesquioxan 
PO   Used Pump Oil 
PS   Pressureless Sintering 
PZT   Lead zirconate titanate 
 
R   Resistance 
RC   Robocasting 
RC   resistance associated to the contacts 
Rdie   resistance associated to the die 
Rexp   experimentally measured resistance 
rGO   reduced Graphene Oxide 
Rmid   resistance associated to the middle part of the SPS assembly 
RS   Resistive Sintering 
RUS   Resonant Ultrasound Spectroscopy 
 
Seff   Effective Cross-Section between adjacent rods 
SEM   Scanning Electron Microscopy 
Si   Silicon 
SiC   Silicon Carbide 
SiSiC   Silicon-infiltrated Silicon Carbide 
SLA   Stereolithography 
SLS   Selective Laser Sintering 
SPS   Spark Plasma Sintering 
SYM   Symmetric configuration of SPS 
SYM-BN   Symmetric configuration of SPS with a BN layer 
 
TA   Transverse-Acoustic 




TCP   Tricalcium Phosphate 
TGA-DTA   Thermogravimetric analysis-Differential Thermal Analysis 
TO   Transverse-Optical mode 
Ts   Set-point Temperature 
 
UV   Ultra Violet 
 
V   Voltage 
v   x-y printing speed in RC 
 
XPS   X-ray Photoelectron Spectroscopy 
XRD   X-Ray Diffraction 
 
 
Y   Yield stress 
YAG   Yttrium Aluminum Garnet 
YAM   Yttrium Aluminum Monoclinic 
YAP   yttrium aluminium perovskite 
YSZ   Yttria-Stabilized Zirconia 
A.1.2.- Greek symbols 
   Thermal diffusivity 
α||   Though-thickness thermal diffusivity 
α┴   In-plane thermal diffusivity 
   Composition of  -SiC powders with 20 wt% additives 
   Composition of  -SiC powders with 7 wt% additives 
   Diameter of scaffold rods 
ߛሶ    Shear rate 
ߛcሶ    Transition shear rate 
app   Apparent viscosity 
   Mean free path of phonons 
   Through-thickness mean free path of phonons 
┴   In-plane mean free path of phonons 
SLA   Microstereolithography 
   Group velocity of phonons (speed of sound in the material) 
   Density, resistivity 
th   Theoretical density 
f   Flexural strength 
L   Longitudinal conductivity of scaffolds 
rod   Electrical conductivity of single rods 
T   Transverse conductivity of scaffolds 
   Shear stress 
y   Yield stress 






Materials & Main Experimental Techniques 
 
A.2.1.- Raw ceramic and graphene powders 
The fundamental characteristics of the raw ceramic and graphene powders employed 
for the development of the different SiC-based materials is summarized in Table 
A.2.1, and Fig. A.2.1 shows FESEM images of the GNPs. 




Type, Company Characteristics (d50, polytype, 
purity) 
α-SiC S-2022, Cerac 0.8 μm, polytype 6H, 99.9% purity 
β-SiC BF-17A, HC-Starck 0.5 μm, polytype 3C, > 98% purity 
Nano-β-SiC NanoAmor 45-55 nm, polytype 3C, 97.5% purity 
Y2O3 Grade C, HC-Starck 2.09 μm, 99.99% purity 
Al2O3 SM8, Baikowski Chimie 0.37 μm, 99.99% purity 
GNPs N006-010-P, 
Angstron Materials Inc. 






Figure A.2.1.- FESEM micrographs of the as-received GNPs at different 
magnifications. 
Spectra and maps of pristine GNPs were acquired by simply using a drop of alcohol-
based GNPs dispersions onto a glass-slide. By way of example, Fig. A.2.2a depicts 
the optical image of a pristine GNP analyzed by Raman spectroscopy. Fig. A.2.2b,c 
show the respective Raman maps constructed by integration of the graphene D (at 
1358 cm−1) and 2D (∼2714 cm−1) peak intensities. In these maps, it is noteworthy to 
see how the defects are mostly concentrated over the edges of the GNP. Indeed, no 
signal of defects (D-band) can be seen in the central area of the GNP (see spectrum 
in Fig. A.2.2d corresponding to position 1), whereas most of the D peak signal is 
generated over the edges (see spectrum corresponding to position 2). The presence 
of defects at the edges is also confirmed by the emergence of the D′ peak at 







Figure A.2.2.- (a) Optical image of a pristine GNP on a glass slide and Raman maps 
of the integrated intensity of the D- (b) and 2D- (c) bands. (d) Plot of the Raman 
spectra collected at positions 1 and 2 in (b) and (c), and the averaged spectrum of the 
whole map. Deconvoluted 2D peaks corresponding to spectra labelled as 1 (e), 2 (f) 
and average (g). (h) D′ shoulder overlapped to the G-band on position 2. 
As for the SiC powders, in Fig. A.2.3, diffractograms corresponding to the as-received 
α-SiC, β-SiC and nano-β-SiC powders are shown. 
 
Figure A.2.3.- XRD patterns corresponding to the starting SiC powders used for the 




A.2.2.- Ceramic-based powder compositions 
For the preparation of the powder compositions, two procedures were used 
depending on whether the compositions contained GNPs or not: 
i) GNPs-free compositions: SiC and the sintering additives, Y2O3 and Al2O3, were 
mixed by attrition milling in isopropyl alcohol for 2 h using Al2O3 grinding media. The 
solvent was evaporated from the suspensions in a rotary-evaporator at 90 °C and the 
resulting mixture was dried at 120 °C before sieving through a 63 μm mesh. The 
mass relationships between the three components vary depending on the 
composition used as explained in the main text. 
ii) GNPs-containing compositions: GNPs were first dispersed in isopropyl alcohol by 
sonication for 1 h in an ultrasonic bath. Simultaneously, powder mixtures of SiC 
powders together with Y2O3, and Al2O3 in the proportions of 93:5:2 in wt.%, 
respectively, were attrition milled for 2 h in isopropyl alcohol using Al2O3 grinding 
media. The resulting ceramic slurry was mixed with the sonicated GNPs suspension 
and, then, stirred and sonicated for one more hour to obtain a homogeneous mixing 
of all components. The process continues by evaporating the solvent in a rotary-
evaporator at 93 °C, drying at 120 °C and sieving through a 63 μm mesh. For these 
compositions, β-SiC was employed in all cases maintaining the mass ratio: 93:5:2 for 
SiC:Y2O3:Al2O3. 
 
A.2.3.- Rheological characterization 
A.2.3.1.- Zeta potential measurements 
Zeta (ξ) potential measurements were carried out for pure SiC and SiC-PEI (SiC 
coated with both H-PEI and L-PEI) suspensions (volume fraction φ=0.01) as a 
function of pH on an electroacoustic spectrometer (DT-1200; Dispersion Technology, 
Bedford Hills, NY). The pH range probed was accessed by titrating the measurement 
sample with either 1M HNO3 or 1M KOH aqueous solution and monitoring with a pH 
probe. For each suspension, two identical solutions were prepared, the pH value of 
which was measured as the initial value. One of the samples was titrated with HNO3 
to lower pH values, while the other sample was titrated with KOH to high pH values. 
Combination of these two branches represents final results. No background 
electrolyte was added to the suspension, such that the acid or base additions altered 





PEI, Y2O3 and Y2O3-PEI suspensions (volume fraction φ=0.01). The objective of the 
measurement was to assess the isoelectric point for each surface chemistry and 
observe the similarity in colloidal behavior after adsorption of the PEI. 
A.2.3.2.- Viscosity and elastic and viscous moduli 
Two distinct measurement systems were used for the characterization of the inks: 
namely the concentric cylinders and the cone-plate systems (see illustration in Fig. 
A.2.4). 
 
Figure A.2.4.- The three main rheological measuring systems (plastics.tamu.edu). 
First, the concentric cylinders were employed to determine shear flow and shear 
elastic modulus for colloidal gel inks with and without the addition of APA (flocculant), 
namely weak gel and strong gel, using a stress-controlled rheometer (C-VOR 200; 
Bohlin Instruments, East Brunswick, NJ). A serrated cup and bob measuring system 
(C14; Bohlin) was used to mitigate wall-slip effects. The bob had a diameter of 14 mm 
and the cup had an inside diameter of 16 mm. A solvent trap apparatus consisting of 
a water reservoir and cover plate was used to minimize evaporation from the sample 
during the experiment. After loading inks into the measuring system, a pre-shearing of 
1 s-1 for a period of 60 s and a following equilibration (zero shear rate rest) time of 
1800 s were observed prior to each measurement. 
The apparent viscosity (app) of the ink was measured as a function of increasing 
shear rate (ߛሶ , from  ߛሶ  =0.01–150 s-1 at 20 discrete value points with logarithmic 
spacing). An equilibration time of 30 s was observed at each value of desired shear 
rate prior to reading the shear stress (). Oscillation measurements were performed at 
a frequency of 1 Hz to detect the elastic (G′) moduli, while an ascending stress sweep 




observed prior to recording the complex modulus data. All measurements were 
carried out at a constant temperature of 25 °C. 
The viscosity of the slurries was also determined with a rheometer (CVO 100 D, 
Bohlin Instruments, UK) equipped with cone-and-plate geometry (diameter: 40 mm; 
cone angle: 4º). The rheometer measuring system was covered with a fitting tool to 
reduce evaporation. app of the inks was measured as a function of increasing shear 
rate from ߛሶ  = 0.01 -150 s-1 at 20 discrete points with logarithmic spacing. 
Both systems were proven efficient for the characterization of Robocasting inks. 
 
A.2.4.- Thermogravimetric analysis 
These experiments were carried out by using DT-TGA (model SETSYS 
Evolution1750, Setaram). The TGA instrument weighs the sample as temperature is 
raised up, typically up to ~1000 ºC in the current experiments, at heating rates of       
3 ºC·min-1. When a component of the sample reacts with the chosen atmosphere (air 
in the present case), weight changes are thus measured. Associated to these 
processes, heat changes in the sample (either exothermic or endothermic) are 
identified by DTA. 
 
A.2.5.- X-Ray Diffraction (XRD) 
Especially with the objective of determining the phases of the ceramic species 
present both in the bulk materials and in the 3D scaffolds, either with or without 
graphene, X-Ray Diffraction (XRD, Siemens D5000, Munich, Germany) patterns were 
collected in the step-scanning mode using conventional Cu-Kα radiation. 
Diffractograms were generally acquired in the 10º < 2θ < 80º range, with a scanning 
rate of 2°·min−1 in steps of 0.05° and indexed with the help of the PDF2 database to 
identify the crystalline phases. 
 
A.2.6.- Elemental analysis 
Oxygen determination of the different starting SiC powders was performed using a 
LECO TC-436 equipment. Samples under analysis are introduced in a graphite 





reducing atmosphere. Samples are decomposed and volatilized under these 
conditions, and the oxygen present in the samples reacts with graphite to form CO. 
Afterwards, CO is converted to CO2 and analyzed in the measuring unit by infrared 
absorption. Thus, the amounts of oxygen present in the samples is inferred. 
 
A.2.7.- Field Emission Scanning Electron Microscopy (FESEM) 
The Field Emission Scanning Electron Microscopy technique equipped with an 
electron-gun source (model S-4700, Hitachi, Japan) was mainly employed in this PhD 
Thesis to observe the ceramic microstructures of materials as well as the fracture 
surfaces, and the micro-architectures of the 3D scaffolds. The habitual acceleration 
voltage employed for the samples was 10 kV, and the resolution was ~ 1-2 nm. 
Materials were generally sputter-coated for 1 min with an Au thin film prior to 
observation to prevent the accumulation of electrostatic charge at the surface. 
In the case of observing microstructures on polished surfaces, plasma-etching of the 
surfaces was accomplished first (Emitech K1050X) with a mixture of gases of 
tetrafluoromethane (CF4): oxygen (O2) of 20:1 for ~ 25-30 min, to reveal the SiC 
grains microstructure. Afterwards, the metal sputter coating was done and, finally, the 
FESEM observations were carried out. The median size (d50) and aspect ratio (AR50) 
of the SiC grains were estimated by image analysis using the J-image software from 
FESEM micrographs, transformed to binary maps, measuring at least 500 grains in 
each material. 
In the case of fracture surfaces, sintered SiC discs were shattered by impact with a 
WC ball. Fracture surfaces of samples were then sputter-coated with Au, as in the 
case of polished surfaces. 
Finally, 3D-architectures of SiC were directly observed after the sputter-coating 
process. 
 
A.2.8.- Confocal micro-Raman spectroscopy 
The confocal micro-Raman spectroscopy technique was used to observe the different 
phases present in the SiC-based ceramics and composites used in this PhD Thesis. 
In particular, Raman spectra and maps give additional information to that of XRD, 




2D) may indicate purity, crystallinity, defects or thickness in these species. Therefore, 
this technique has abundantly been employed throughout this thesis for the 
characterization of graphene. Raman has also proved its versatility for ceramic 
matrices showing clear differences among the different types of SiC ceramics as a 
function of the starting powders used, and their level of doping once sintered. The 
achievement of spectra and maps was carried out with a confocal micro-Raman 
microscope (model Alpha300, WiTec, Germany), using a laser excitation wavelength 
of 532 nm, and lenses of 100 x magnification. Normally, 10 x 10 μm2 areas were 
scanned for the acquisition of maps, measuring 60 x 60 points (pixels). Acquisition 
times were typically of 20 ms per pixel. For individual spectra, conditions were 
adjusted according to the different requirements of the materials. Afterwards, the 
software supplied by WiTec (WITec Project 2.08) was employed for the elimination of 
background signals, construction of false-colour maps, etc. Finally, for the analysis of 
peaks associated to SiC and graphene bands, the Origin 8.0 software was utilized for 
the fitting of Lorentzian curves. 
 
A.2.9.- The laser-flash method for thermal diffusivity 
Thermal diffusivity (α) was measured by the laser flash method, to subsequently 
obtain the thermal conductivity (KT) through the relation: KT=ρ cp α, where ρ and cp 
are the density and the specific heat of the measured materials, respectively. To 
determine α, the process for this method is as follows. The sample to measure is 
machined in a plane-parallel fashion with thicknesses below 1 mm and a well-defined 
geometry: disc-shaped for in-plane α measurements (α┴; sample diameter: 20 mm) 
and square-shaped for through-thickness α measurements (α||; sample size: 8.8 
× 8.8 mm2). After that, the laser-flash method can be applied. A laser pulse hits the 
sample onto one of the plane-parallel surfaces, producing a sudden heating that 
propagates throughout the sample; an infrared sensor collects, in the opposite 
sample side right above the temperature evolution as a function of time, right after the 
laser flash event, is recorded as an electrical signal, and the resulting V(t) curves are 
fitted to mathematical models to obtain α||. Similarly, temperature measurements can 
be obtained in that opposite side at a certain distance from the centre with the aid of a 
mask (Fig. A.2.5), allowing the estimation of the radial propagation of heat. Mask 1 
confines the laser pulse into a circle of radius r0 = 2.5 mm on the center of the sample 
surface. Accordingly, heat flows through the sample and spreads out on the opposite 





2.2·r0) facing the IR detector. The temperature rise due to the radial heat flow is fitted 
by a two-dimensional model that determines an apparent in-plane thermal diffusivity. 
Thus, α┴ values can be inferred with an implemented 2D model where the sample 
thickness and the α|| values are input parameters. These two measurements enable 
the accomplishment of a characterization of thermally-anisotropic ceramics. 
 
Figure A.2.5.- Schematic illustration of the mask device employed to determine α┴. 
The equipment used for the thermal characterization was a model Thermalflash 2200 
(Holometrix, currently Netzsch). The α|| measurements were carried out as a function 
of temperature (298-1073 K) in an Ar atmosphere (with experimental reproducibility 
during cooling, which means that the samples are stable throughout the heating 
cycle), whereas α┴ measurements were only determined at room temperature, due to 
limitations of the equipment. All of the α data obtained correspond to the average of at 
least three measurements for each different temperature. 
 
A.2.10.- Electrical conductivity measurements 
A five-week stay at the CICECO (Centre for Research in Ceramics and Composite 
Materials) of the University of Aveiro under the supervision of Dr Filipe Figueiredo, 
financed by the Trust of the European Ceramic Society, was employed for the 
development of most electrical conductivity measurements. Also, the assistance of 





Owing to the anisotropy of the materials, measurements in the directions parallel and 
perpendicular to the SPS pressing axis were performed. A tubular support of alumina 
was employed as holder and placed into a furnace in order to perform the 
measurements under variable temperature (278-523 K) in an air atmosphere. Data 
were collected both during heating and cooling to verify the stability of the samples 
and electric contacts during the measurements. Platinum wires ensured the electrical 
connections between the samples and the measuring instrumentation. In all types of 
measurements, the conductivity was calculated as σ = L(R × S)−1, where R is the 
electrical resistance, S is the electrode surface area, and L is the distance between 
the electrodes. The electrical resistance of the platinum wires was recorded 
separately at the various temperatures and subtracted from the sample resistance. 
For the bulk materials, samples were machined into bars of 15.0 × 3.5 × 2.5 mm3. 
Therefore, σ for the directions parallel (σ||) and perpendicular (σ٣) to the SPS pressing 
axis was measured, respectively, with 2-probe ac and 4-probe dc methods. The 
impossibility of using 4 electrodes in the case of σ||, owing to the dimensions of the 
samples, was the cause for employing these two distinct methods (see Fig. A.2.6) 
whose results were proved to be reproducible. In dc measurements, at least five 
current values were applied in order to verify the linearity of the I–V relation, thus 
confirming the absence of electrode polarization, and allowing the estimation of the 
resistance by linear regression of the I–V data. The dc resistance was measured by 
imposing an electrical current (dc power supply Agilent E364 × A, USA) through the 
sample and measuring the potential drop (Fluke precision multimeter, USA) between 
2 points separated by a precise distance. The voltage probes were ensured by 
platinum wires contacting the sample, whereas the current was introduced through 
the bar edges, painted with silver paste. The resistance between the two outer 
electrodes was in agreement between ac and dc values. 
 
Figure A.2.6.- Diagram of the arrangements used for the dc and ac electrical 
conductivity (σ) measurements in the perpendicular (σ٣) and parallel (σ||) directions to 
the pressing axis of the SPS, respectively. The areas covered with the silver 





The ac conductivity data were obtained by collecting impedance spectra 
(potentiostat/galvanostat/frequency response analyser Autolab PGSTAT20, 
Netherlands) in the frequency range of 1 Hz-1 MHz with test signal amplitude of 
100 mV. The impedance was measured between the larger surfaces 
(15.0 × 3.5 mm2) of the sample, previously covered with silver electrodes using a 
commercial paste (Agar 6302, UK).  
For the scaffolds, the silver paste was allowed to partially dry in order to increase its 
viscosity before being applied onto the sample, thus preventing the impregnation of 
the scaffold inner pores with silver. Ac conductance data were obtained by 
impedance spectroscopy. 
 
A.2.11.- Resonant ultrasound spectroscopy (RUS) 
As stated in the main text, RUS measurements were carried out in association with 
Dr. Hanus Seiner and collaborators, from the Institute of Thermomechanics of the 
Czech Republic. Resonant ultrasound spectroscopy (RUS) is a technique principally 
intended for the characterization of elastic properties of materials. Elasticity and 
geometry of the tested material determine the resonant frequencies of vibration of the 
materials when mechanically excited; thus, the elastic tensor of each material can be 
determined based on those resonant frequencies. Actually, the RUS technique allows 
the achievement of the elastic coefficients matrix.  
In the case of the scaffolds, samples for RUS were approximately rectangular 
parallelepipeds cut from the central part of the robocast structure (see Fig 7.7b), so 
that it contained only the periodic structure of rods. To minimize the fracture of the 
individual rods during the cutting, the whole structure was, prior to the sample 
preparation, filled with a CrystalBond wax that was then dissolved and removed from 
the final sample. Samples were oriented so that the shortest and the longest edge of 
the parallelepiped were parallel to the rods, while the third edge was perpendicular to 
the rods, i.e. lying along the tetragonal axis. 
The spectrum of free elastic vibrations of the sample was measured by a contactless, 
laser based RUS set-up,1 in which the vibrations were both generated and detected 
by lasers. In order to obtain also the information on modal shapes of the individual 
resonant modes in the spectrum, the vibrational response was subsequently recorded 
at the cross-sections of the individual rods at the largest face of the sample. This was 




for mode-sensitive RUS measurements. In this case, the density of the scanning 
mesh was determined by the density of the robocast structure. 
1Sedlák P, Seiner H, Zídek J, Janovská M, Landa M. Determination of all 21 
independent elastic coefficients of generally anisotropic solids by resonant ultrasound 
spectroscopy: benchmark examples. Exp Mech 2014; 54(6): 1073-85. 
 
A.2.12.- Transmission Electron Microscopy (TEM) 
Samples for TEM were prepared using conventional mechanical methods: first 
cutting, polishing, and finally dimpling. The thinning was completed in the Gatan 
Precision Ion Polishing System (PIPS) operated at 5 kV and an ion-beam angle of 
~8º. After perforation, both the energy and the angle were reduced to ~2 kV and 4º, 
respectively, and kept thinning for another 5-10 min. The high resolution transmission 
electron microscopy (HRTEM) analysis was performed in a JEOL EM-2010f 
equipment with a field-emission source and accelerating voltage operating at 200 kV. 
This microscope is equipped with Energy-dispersive X-ray Spectroscopy (EDS) and 
Electron Energy Loss Spectroscopy (EELS, Gatan Model EnfinaTM1000 system). 
 
A.2.13.- Atomic Force Microscopy (AFM) 
Atomic force microscopy (AFM) was performed in collaboration with Prof. Carmen 
Ocal, from the ICMAB-CSIC, Barcelona. AFM measurements were under low 
humidity conditions (<5% RH, obtained by a continuous N2 gas flux) using a 
commercial head and software from Nanotec.1 Boron-doped diamond coated Si 
probes mounted on intermediate spring constant (k = 3.0 N·m−1) cantilevers were 
used. In the present conductive AFM (C-AFM) measurements, a horizontal set-up 
configuration was employed, in which the current is measured between the biased 
AFM tip (movable electrode) and a metallic counter-electrode clamp attached at the 
sample surface edge (millimeters apart) and directly contacted to ground. The 
conducting tip (top electrode) was placed in direct contact with the sample surface, 
under controlled load i.e. by using a normal force feedback, and the current between 
tip and sample was measured. Probed areas were mirror finished surfaces. In this 
nanoscale characterization, a cross sectioned surface parallel to the SPS pressing 
axis was chosen. The conducting response of the samples was obtained by: (i) 
simultaneously acquiring topographic images z (x,y) and current maps I (x,y) at a 
given voltage, and (ii) acquiring I–V curves at selected (x,y) locations. Tip-sample 





systematic determination of the adhesion force, from force versus distance curves. 
Current images were acquired in a non-invasive manner (no sample indentation) by 
using the contact operation mode at the lowest possible applied load while obtaining 
stable signals. 
 
1 Horcas I, Fernández R, Gómez-Rodríguez JM, Colchero J, Gómez-Herrero J, Baro 
AMWSXM. A software for scanning probe microscopy and a tool for nanotechnology. 
Rev Sci Instrum 2007; 78: 0137051–8. 
 
A.2.14.- Dilatometry 
A differential horizontal dilatometer (model Netzsch Gerätebau 402 EP), with a silica 
sample holder has been used for the measurements. SiC and GNPs/SiC samples 
were machined into plane-parallel bars of 12 x 3 x 2 mm3 size, approximately, and the 
measurements were carried out in the longer axis of the specimens (coinciding with 
the direction perpendicular to the pressing axis). All the specimens were subjected to 
the same measuring conditions: 5 ºC·min-1 and up to temperatures of 850 ºC. Length 
expansions with temperature are transmitted from the push rod in contact with the 
sample to a transducer that moves into a coil able to translate electromagnetic 
induction into length variations. 
 
A.2.15.- The Hertzian-indentation tests 
Contact-mechanical properties of SiC-based ceramics were evaluated during a three-
month stay under the supervision of Angel Luis Ortiz in the University of Extremadura, 
in Badajoz. Hertzian indentation can be defined as the indentation technique based 
on hard spherical indenters. The initial parameters for Hertzian indentation are shown 
in Fig. 1. Letting F be the indentation load and r the radius of the spherical indenter, a 
circle of radius a is formed on the surface of the plane tested material, whose elastic 
modulus is E, verifying: 
ܽଷ ൌ ସ௞ி௥ଷா         (1) 
where k is a constant that depends on the Poisson’s ratios of the sample and indenter 
(ν and v’, respectively) and also on their elastic moduli (E and E’), according to: 
݇ ൌ ଽଵ଺ ቂሺ1 െ ݒଶሻ ൅ ሺ1 െ ݒ′ଶሻ
ா
ாᇱቃ    (2) 





Figure A.2.7.- Schematic illustration of the indentation of flat ceramic surfaces with 
hard spheres, and their fingerprints on material surfaces. 
Analogous to the stress-strain curves in other types of mechanical tests, such as 
compressive tests, the mean contact pressure, p0 (p0=F/a2), exerted on the sample 
below the indenter is normally represented versus the corresponding strain 
represented by the normalized radius of the printed circle (a/r). The p0 parameter can 
be expressed in terms of a and r, as: 
݌଴ ൌ ቀ ଷாସగ௞ቁ	
௔
௥       (3) 
showing a linear dependence between p0 and a/r, analogous to a basic stress-strain 
mechanical problem. The Hertzian contact tests for SiC were performed in air in the 
temperature range 25–850 °C using a universal testing machine (AG-IS 100 kN, 
Shimadzu Corp., Japan) equipped with a split furnace and Al2O3 pistons (see Fig. 2). 
By performing selective 1000 N indentations at two different crosshead speeds 
(0.05 mm min−1 and 0.005 mm min−1), it was confirmed that loading rate does not play 
any role on the stress–strain curves at these testing temperatures, i.e. indentation 
diameters are kept constant regardless of the crosshead speed of the indenter even 
at the highest temperatures. Therefore, there are no creep effects that would distort 
the apparent size of the residual impressions. Indentations were carried out in 
sequences, for each sample and each temperature, at the same constant crosshead 
speed of 0.05 mm min−1. For each sequence of indentations, increasing F values 
were applied within the range of 50–3500 N for all samples, using a Si3N4 half-sphere 
of 3 mm radius (r) as the indenter. Before testing, the specimens were first 
conveniently sputter-coated to facilitate observation of the contact zone even in the 
elastic regime and then stuck to the lower piston by using Al2O3 paste (Ceramabond 






Figure A.2.8.- Schematic of the experimental setup used for the Hertzian tests at 
elevated temperatures.1 
Temperature was raised at 6 °C min−1 to attain the different set points (25ºC, 400ºC, 
700ºC, 850ºC) and maintained at those temperatures for 1 h to ensure thermal 
equilibrium before performing the tests. The contact radius, a, for each peak load was 
measured at room-temperature using an optical microscope with Nomarski 
interference contrast. 
1 Sánchez‐González E, Meléndez‐Martínez JJ, Pajares A, Miranda P, Guiberteau F, 
Lawn BR. Application of Hertzian tests to measure stress–strain characteristics of 
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